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ABSTRACT
EXTREME DYNAMICS OF NANOMATERIALS UNDER HIGH-RATE
MECHANICAL STIMULI
SEPTEMBER 2019
WANTING XIE
B.S., UNIVERSITY OF SCIENCE AND TECHNOLOGY OF CHINA
Ph.D., UNIVERSITY OF MASSACHUSETTS AMHERST
Directed by: Professor Jae-Hwang Lee
Nanomaterials demonstrate novel mechanical properties attributed to the extremely
large interfacial area. At quasi-static rates, the interfacial interactions are crucial in
mechanical behaviors, however, materials under extreme mechanical stimuli are rarely
studied at nanoscale. With an advanced laser-induced projectile impact test, we perform
supersonic impact of micro-projectiles on polymer films, multilayer graphene, carbonbased nanocomposites membranes as well as individual micro-fibers, to study the interface
interactions in the high-rate regime, and develop a simplified model to characterize the
ballistic performance of materials.
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CHAPTER 1
INTRODUCTION
Mechanical Properties of Nanomaterials
Nanomaterials are defined as “materials where some controllable relevant
dimension is of the order of 100 nm or less”.1 The physical properties of materials can be
engineered by controlling the structures at nanoscale. In terms of mechanics, critical
dimensions such as grain boundaries,2 nucleation defects,3 surface corrugation,4
dislocation,5 etc., all fall into nanoscale order.6 For example, it is well known that smaller
grain size leads to higher hardness and yield strength.
The properties of particular interest are the density, elasticity, and strength. The rule
of mixtures can be applied to density. The overall density (r) can be written as
𝜌 = '1 − 𝑓+, -𝜌./ + 𝑓+, 𝜌+,
Where fgb is the volume fraction of atoms with the single crystal packing, and rsc and rgb
are the density of the material in the single crystal and at grain boundaries.1 Junctions and
defects need to be considered as well. The elastic response of materials originates from the
interatomic forces. The elastic modulus 𝜎23 = 𝐶2356 𝜀56 at each point in the material. The
elastic moduli Cijmn of each point at each point is1
𝐶2389 𝜀89 =

1
< 𝐶2356 𝜀56 𝑑𝑣
𝑉;

The yield strength is determined by the stress required to move the dislocations through
the materials to develop plastic strain. The key characteristics include the interaction of
grain boundaries with dislocation generation and motion, the grain morphology, the grain
size distribution and the grain orientation.1 The rate-dependent plasticity arises from the
dislocation dynamics, thermal activation, and dislocation substructure evolution.7,8 The
1

dislocation dynamics are related to the velocity of dislocation motion. The thermal
activation describes the motion as a result of thermal energy. The dislocation substructure
evolution is the increased rate of the dislocation density as a function of the deformation
rate.1
Besides yield strength, stain hardening index is another parameter that describes
the plastic behavior of a material. Strain hardening is defined by the increment of the
strength with the strain.9,10 For nanomaterials, the strengthening of the materials occurs
through the evolution of the dislocation density, and it has large influence on the ductility
of materials. The normalized hardening is proportional to the square root of grain size.11
The ductility of materials generally decreases with an increase in strength.12 Due to the
sensitivity to defects, the dependence of ductility on strength is more scattered.
The failure of a material happens after yield. The failure process includes
mechanical failure, ductile failure, shearing deformation and other processes like crazing
and kink band formation. The mechanical failure arises from crack nucleation, propagation
and coalescence. The ductile failure results from void nucleation, growth and coalescence.
Shear deformation includes deformation instabilities in shear (local reorientation and
texture development), and adiabatic shear bands (temperature rise).
The mechanical behaviors that have been discussed up to this point can be applied
to all kinds of materials. In the next few paragraphs, we will talk about nanocomposites.
Nanocomposites is a very important class of engineering materials.1 It consists of
reinforcing fillers and matrix. Reinforcements are in the forms of particles, fibers or
laminates. Matrices can be polymers, metals or ceramics.

2

For particle-reinforced composites, based on the rule of mixtures, the elastic
modulus should fall between an upper bound13
𝐸/ (𝑢) = 𝐸5 𝑉5 + 𝐸B 𝑉B
And a lower bound13
𝐸/ (𝑙) =

𝐸5 𝐸B
𝑉5 𝐸B + 𝑉B 𝐸5

Where V is the volume fraction, and subscripts c, m and p represent composite, matrix and
particulate phases, respectively. (Figure 1.1)

Figure 1.1 | Modulus of elasticity versus volume fraction of tungsten particles within a
copper matrix.13
For fiber-reinforced composites, critical fiber length is necessary to achieve
effective strengthening and stiffening. The critical length (lc) can be expressed by13
𝜎D∗ 𝑑
𝑙/ =
2𝜏/
Where 𝜎D ∗ and d are the ultimate strength and the diameter of the fiber. 𝜏/ is the smaller of
either the fiber-matrix bond strength or the matrix shear yield strength. Figure 1.2 shows

3

how the stress varies with different fiber lengths. 𝑙 ≫ 𝑙/ are termed continuous, otherwise
discontinuous. The fiber orientation is another factor that affects the mechanical responses
of the composite. A composite with aligned fibers is highly anisotropic. The modulus of a
continuous and aligned fiber composite in the longitudinal direction is
𝐸/9 = 𝐸5 '1 − 𝑉D - + 𝐸D 𝑉D
Tensile strength
H
𝜎/9∗ = 𝜎5
'1 − 𝑉D - + 𝜎D∗ 𝑉D
H
𝜎5
is the stress in the matrix at fiber failure.

In the transverse direction,13
𝐸5 𝐸D

𝐸/I =

'1 − 𝑉D -𝐸D + 𝑉D 𝐸5

For discontinuous and aligned fiber composite,
When 𝑙 > 𝑙/ , the longitudinal strength
9

∗
H
𝜎/K
= 𝜎D∗ 𝑉D L1 − N9M O + 𝜎5
'1 − 𝑉D -.

When 𝑙 < 𝑙/ ,
∗
𝜎/K
=

𝑙𝜏/
H
𝑉 + 𝜎5
'1 − 𝑉D 𝑑 D

For the discontinuous and randomly oriented fiber composites, the elastic modulus follows
the rule of mixtures
𝐸/K = 𝐾𝐸D 𝑉D + 𝐸5 𝑉5
K is a fiber efficiency parameter, depending on Vf and Ef /Em.

4

Figure 1.2 | Stress-position profiles of different fiber length.13
A laminar composite is composed of two-dimensional sheets or panels that have a
preferred high-strength direction.13 It is anisotropic, having relatively high strength along
the two-dimensional plane. Ever since the discovery of graphene, 2D materials have
emerged as one of the most popular laminar fillers due to the exceptional high strength and
stiffness combined with low mass density.14,15
The advantages of nanocomposites include light weight, high strength and stiffness,
improved fatigue life, corrosion resistance, etc. Despite the usefulness of nanocomposites,
there are still disadvantages. For example, the high costs of fabrication, the adverse effects
of both temperature and moisture, poor strength in the out-of-plane direction, delamination,
etc. Balancing between the pros and cons, advanced composites are widely used in
aerospace, automotive, marine, sporting goods, and other applications.16

5

Mechanical Properties of Nanomaterials at Ultra-high Strain Rates
Nanomaterials have demonstrated interesting mechanical properties at quasi-static
strain rates.1 However, there are only limited studies focused on high strain rates due to the
experimental difficulties at such a small scale. Material behavior at high strain rates,
however, can be different due to inertial effects, wave propagation, and adiabatic process
effects.17 Therefore, mechanical performance at high
strain rates is of great significance to the development
of armor materials based on nanomaterials. The
specific penetration energy 𝐸B ∗ was introduced by
Lee and his colleagues to quantify the impact energy
delocalization capability of a nanomaterial regardless Figure 1.3 | A micro-sphere
impacting graphene.18
of its thickness and density.18 𝐸B ∗ is defined by the following equations.
1
∆𝐸8 = 𝑚(𝑣2N − 𝑣TN ) = 𝐸B + 𝐸U2T
2
𝐸B∗ = 𝐸B ⁄𝜌𝐴. ℎUXY = 𝑣2N ⁄2 + 𝐸K∗
Where 𝐸U2T is the energy loss due to air drag; vi and vr are the impact and residual velocities;
As is the cross sectional area of the projectile; have is the film thickness; Ed* is the specific
delocalized penetration energy.
The model is primarily based on two assumptions: constant deceleration by air drag with
similar impact speeds, and the diameter of the projectile is considerably bigger than the
specimen thickness. Although the model successfully demonstrated the dynamic behavior
of multi-layer graphene, as well as PMMA and Au membranes, the assumptions impose
restrictions on the target specimen. In this model, the change of projectile speed during
penetration has to be much smaller than the initial speed, which is not applicable in many
6

cases. In addition, the energy dissipation by air drag due to the conic shape deformation of
the thin specimen may not be the same for different materials even under the same impact
speed.
Liu et al. developed a more complex but practical mathematical model.19 The
impact, interception and energy dissipation are segmented into three stages (Figure 1.4).
Stage I: the projectile moves towards the target membrane. Stage II: the projectile contacts
the target and embeds, at which moment part of the projectile’s momentum is transferred
to the target. Stage III: the lodged projectile travels together with the target membrane as a
single body. In all the stages, the air exerts the drag force on the projectile and the target.
Therefore, the energy dissipation in stage III can be the greatest because of the increased
drag coefficient. This model, however, has its limitations too. For example, the friction
between the projectile and the target membrane is neglected; only the failure of the target
membrane in tension is considered; the sectional area of the membrane is assumed to
experience little change in the process. The last but not the least, the process from the
moment the projectile contacts the membrane until the whole composite is accelerated to a
uniform speed is simplified by a momentum conservation equation without shedding any
light on the in-situ dynamic interactions between the projectile and the target membrane.

7

Figure 1.4 | A schematic illustration of a projectile impacting a free composite body.19
Objective 1 is proposed to experimentally study the air drag effect on the dynamics
of nanomaterials and explore the energy dissipation mechanisms at high strain rates.

Theoretical and Analytical Models for the Ballistic Impact Response
A variety of models have been developed to simulate the mechanical response of
materials under high velocity impact. Here, we will only consider a few simple and
common models.
Recht-Ipson model was introduced to study the ballistic perforation dynamics of
plates by blunt fragments at normal impact.20 The residual velocity is given by
𝑉T =

𝑀B
N )]/N
(𝑉 N − 𝑉\6
𝑀B + 𝑀.6

Where Mp and Msn are the mass of projectile and free plug, respectively; V is the initial
velocity; Vxn is the minimum perforation velocity.

8

The equation is derived from the law of momentum conservation and energy conservation
in the case of perfectly inelastic collision. It also assumes the energy loss due to the
peripheral shear area is insensitive to velocity. With some modifications, the equation can
also be applied to oblique impact as well as penetrating projectiles.
Johnson-Cook model is a constitutive model for metals subjected to large strains,
high strain rates and high temperatures.21 The flow stress can be expressed by
𝜎 = [𝐴 + 𝐵𝜖 6 ][1 + 𝐶𝑙𝑛𝜖̇ ∗ ][1 − 𝑇 ∗5 ]
Where 𝜖 is the equivalent plastic strain, 𝜖̇ ∗ = 𝜖̇/𝜖̇f is the dimensionless equivalent strain
rate, and 𝑇 ∗5 is the homologous temperature. A, B, n, C, and m are constants. Later on,
JH-1, JH-2, and JHB models were developed for ceramics, and HJC for concrete.
Cunniff factor is a dimensionless parameter to evaluate the ballistic performance
of fibers.22 It is given by
𝑈∗ =

𝜎𝜀 𝐸
h
2𝜌 𝜌

Where E is the Young’s modulus, s is fiber ultimate tensile strength of the fiber, e is
ultimate strain, and r is density. 𝑈 ∗]/i can be used to predict V50 values (the velocity at
which complete penetration and partial penetration are equally likely to occur).
Smith model describes the stress-strain relationships in yarns subjected to
transverse impact loading, based on the linear elastic behavior and a simple V-shape
geometry.23 The velocity of the transverse wave can be expressed by
𝑈=h

𝑇
𝑀(1 + 𝜖)

Where T is the tension in the yarn, M is the mass of a unit length of the yarn, 𝜖 is strain.

9

The impact velocity
𝑉 = j(1 + 𝜖)N 𝑈 N − [(1 + 𝜖)𝑈 − 𝑊 ]N
Where W is the velocity of material flow.
Phoenix and Porwal developed an analytical model for the ballistic impact
response of fibrous systems.24 It starts with the one-dimensional case and then applies it to
two-dimensional membrane systems. The cone edge velocity
N/i

𝑐 ≈ 1.23𝑎f q𝑉/'𝑎f √2-s

Where V is the initial impact velocity, and a0 is the in-plane wave speed.
The cone deflection angle is approximately
𝛾 = (2𝑉/𝑎f )]/i
This is a fairly sophisticated model, from which many characteristic parameters (e.g. time
of deceleration, strain evolution, velocity evolution, distance to stop the projectile, energy
absorption, V50 limit, residual velocity, etc) can be derived.

Carbon Based Nanomaterials and Nanocomposites
Carbon-based materials such as carbon nanotubes (CNTs), graphene and their
derivatives are believed to be one of the most promising nanofilling materials due to their
high strength and stiffness, light weight, high aspect ratio and high bonding potential.25,26
CNT/graphene based nanocomposites have shown impressive mechanical enhancement
experimentally by taking advantage of the interfacial area, controlled interfacial
interactions, etc.25-27 It has already been reported that even a very small fraction of CNT or
graphene can dramatically improve the mechanical performance. Meanwhile, a recent
mathematical model, targeting high strain rate, predicts that the ambient armor based on

10

graphene/polymer nanocomposite can be lighter and dissipate more kinetic energy of a
projectile through air drag (60%) than the traditional fabric-based one (12%).19 By
dissipating energy through air resistance and allowing large deformations, carbon based
nanocomposites can provide us a new perspective on the development of lightweight,
strong and high-performance armor materials.
Graphene (discovered in 2004) is a one-atomic-layer-thick flat sheet composed of
only carbon atoms, forming a sp2 hybridization network.28,29 It is the thinnest 2D nanofiller.
The elastic modulus and ultimate strength are measured to be 1 TPa and 130 GPa,
respectively.30 Pristine graphene can be obtained by mechanical exfoliation from graphite28
or chemical vapor deposition (CVD)31,32. CVD can produce large quantities but results in
more defects. Graphene derivatives, such as graphene oxide, have been developed to
overcome some of the deficiencies of graphene while preserving its superior properties of
graphene. Jager-Fratzl model33 predicts the elastic modulus of layered, nacre-like
composites,
8𝜈5 (1 + 𝜎5 )
1
𝐸/ = u
+
y
N N
𝜈D 𝐸D
𝐸5 𝜈D 𝛼

z]

Where Em and Ef are the elastic modulus of the matrix and the filler, respectively; vm and
vf are the volume fractions; 𝜎5 is Poisson’s ratio; a is a parameter related to the crack
geometry. Graphene-polymer nanocomposites can be fabricated by solution-based
processing,34-37 melt-based processing,38-41 or layer-by-layer (LbL) assembly.42-44
CNTs (discovered in 1991) have two main types, single walled nanotubes (SWNT)
and multi-walled nanotubes (MWNT).45 A SWNT is a monolayer graphene rolled to form
a cylinder with diameter of ~1 nm. A MWNT consist of a few concentric cylinders spaced
by 0.35 nm. The diameters of MWNTs can be from 2 to 100nm. The moduli of CNTs are
11

measured to be ~1 TPa, and strength values are tens of GPa.46 From the rule of mixtures,
the composite modulus is given by26
𝑌/ = '𝜂} 𝜂9 𝑌D − 𝑌5 -𝑉D + 𝑌5
i ]

Where 𝜂} is the orientation efficiency factor. 𝜂} = 1, • , € for aligned fibers, fibers aligned
in plane and randomly oriented, respectively. 𝜂9 = 1 −
zi†‡

factor, with 𝑎 = …N†

ˆ ‰Š ‹ˆ

•U6‚(U∙9/„)
U∙9/„

is the length efficiency

.

The strength is described by26
𝜎/ = (1 + 2𝑏/𝐷) Ž

𝜎.‚YUT 𝑙
− (1 + 2𝑏/𝐷)𝜎5 • 𝑉D + 𝜎5
𝐷

Where b is the thickness of the interface, and 𝜎.‚YUT is the shear strength of the interface.
In the Halpin-Tai model, the modulus for aligned fiber composites is
𝑌/ = 𝑌5

1 + 𝜁𝜂𝑉D
1 − 𝜂𝑉D

† ⁄†‡ z]
.
ˆ ‡ ‘]

Where 𝜁 = 2𝑙/𝐷 and 𝜂 = †ˆ⁄†

For randomly oriented composites,26
𝑌/
3 1 + 𝜁𝜂’ 𝑉D
5 1 + 2𝜂 • 𝑉D
= u
y+ u
y
𝑌5 8 1 − 𝜂’ 𝑉D
8 1 − 𝜂 • 𝑉D
† ⁄†‡ z]

Where 𝜂’ = †ˆ ⁄†
ˆ

‡ ‘”

† ⁄†‡ z]

and 𝜂 • = †ˆ ⁄†
ˆ

‡ ‘N

.

This model fits well with experiments at low volume fractions, but underestimates stiffness
at high volume fraction. The methods for preparing CNT-polymer composites are solution
processing,47 melting processing,48 in-situ polymerization processing,49 covalent
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functionalization and polymer grafting of CNTs.50,51 Composite films can be made by
infiltration of polymer into CNT networks52 or by LbL assembly53.

Effect of Interface and Interphase on Mechanical Properties
Interface can be described as the boundary between two phases. Interphase is the
transitional zone between adjacent phases, in which the chemical or mechanical properties
are different from either phase.54 For nanocomposites, the exceptionally large interfacial
area per volume makes the ultrathin interphase zones not negligible when nanomaterials’
volume fraction in a composite is high. The existence of interphase zones in polymer
matrices has been observed and is believed to contribute to the mechanical properties.55-59
A ~50nm thick polymer sheath was observed on multi-walled carbon nanotube (MWNT)
surfaces in MWNT/polycarbonate (PC) composites by scanning electron microscopy
(SEM) (Figure 1.5).60 An interphase of less than 20nm in rubber-carbon black
nanocomposites was visualized via atomic force microscopy (AFM).61 In CNT/polyvinyl
alcohol (PVA) nanocomposites, the interfacial layer exhibits a modulus of 46 GPa
compared to 1.92 GPa of the bulk polymer.62 An altered glass transition temperature (Tg, a
reflection of the polymer chains’ mobility) is additional evidence of the interphase zones.63
To evaluate the interphase zone quantitatively, an effective interphase zone is introduced
by considering the polymer adsorption to improve the conventional composite theories like
Halpin-Tsai model,64 in which the elastic moduli of composites are underestimated
compared to experimental results of four kinds of polymer/graphene oxide nanocomposites.
With the increment in volume fraction of nanofillers, the interphase will become
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interconnected and form a continuous effective matrix material, leading to the
enhancement of mechanical properties.

Figure 1.5 | SEM images of nanotube structures coated with a polymer sheath.60

Effect of Interfacial Characteristics on Materials Behavior under High-Rate Stimuli
The mechanical performance of composite materials largely depends on the
interactions at the interface.54 The presence of the interphase zone is not only able to
strengthen the stress transfer between phases. It also affects the microstructure of materials
in its vicinity. Here, we will focus on CNTs, graphene and its derivatives. For CNTs and
graphene, the bonding forces between surfaces are weak van der Waals interactions. The
interfacial bonding is absent between the polymer matrix and CNT or graphene due to the
atomically smooth surface. The interactions can be improved by the choices of in-situ
polymerization,49,65-70 covalent functionalization and grafting of polymer chains,50,71-75 the
electrostatic interaction,76 etc. For instance, graphene oxide (GO), an oxidized graphene
derivative, interacts more strongly with polymers due to the highly polarized functional
groups.57
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Material architecture is another essential factor. For instance, nacre-like
nanocomposites have been designed to attain a remarkable combination of strength and
toughness, resulting from the “brick-and-mortar” arrangement.77-80 A recent coarse-grained
molecular dynamics (CG-MD) study on multi-layer-graphene/poly(methyl methacrylate)
(PMMA) nanocomposites revealed two deformation and failure mechanisms, yielding
failure within graphene sheets and pull-out failure along the interface.81,82 According to the
authors, the layer number of graphene, N, governs the mode of failures (Figure 1.6). When
N £ Ncr, energy dissipates mostly via yielding failure, whereas pull-out failure starts to take
over when N > Ncr. Nevertheless, Lennard-Jones (LJ) potential is not sufficient to fully
explain the non-bonded interactions in the interphase, as the nanofillers may affect the
microstructure of surrounding polymers. For example, in CNT/polyacrylonitrile (PAN)
nanocomposites, highly ordered chains of PAN were observed close to CNTs with
transmission electron microscopy (TEM), and the region is therefore expected to have
higher elastic modulus and strength than other areas of the polymer matrix.83 Moreover,
the interactions vary considerably from one system to another, which makes the above
graphene/PMMA simulation applicable to a particular case.

Figure 1.6 | Failure modes as a function of N.81
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The above discussion reveals that interface plays a key role in mechanical
properties of nanomaterials at quasi-static rates, whereas high-rate circumstances remain
unknown. Objective 2 is proposed to investigate how interface characteristics, such as
interphase zone and material architecture, affect the mechanical behaviors at high strain
rates.

Protective Materials
Armor is inarguably crucial on the battlefield, where it can save countless lives. In
modern times, the introduction of new materials leads to better protection and reduction in
the weight of the armor. Armor is designed based on specific types of threats. The three
main applications are personnel, vehicle, and transparent armors.84 In this study, we will
focus on the personnel protection.
Armor for personnel protection is typically based on ballistic fabric84, made from
specially designed polymer fibers including aramids (Kevlarâ, Twaronâ), polyethylene
(Spectraâ, Dyneemaâ), rigid rod polymers (Zylonâ, M5), etc.(Figure 1.7a) The tensile
strength of fibers is limited by various types of defects, including chain ends,
entanglements, misorientation, voids, and impurities.85 Therefore, fibers with smaller
diameter are generally stronger due to fewer defects. As some of the polymeric fibers
approach the limit (75 – 90% of the theoretical modulus), scientists and engineers turn their
attention to nanotechnology. CNT fibers are believed to be the ultimate for a high-strength
polymer molecule, due to their theoretical tensile strength of ~150 GPa, which is much
higher than that of any perfectly packed polymeric fibers.(Figure 1.7b) Efforts have also
been devoted to nanocomposite materials, seeing that the protection of fabrics alone is
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insufficient. By designing the microstructure through various processing routes, the
mechanical properties can be improved and tailored. It is known as the structure-property
relationship.

Figure 1.7 | Families of typical armor materials.84,86
Unreinforced polymers, despite their low tensile strength and high ductility, are
used in various applications for other reasons. For example, some thermoplastic polymers,
such as the family of polyethylenes, polycarbonate (PC) and polymethylmethacrylate
(PMMA), exhibit both good transparency and impact resistance. The main classes of
thermosetting resins for armor applications include polyester, vinylester, phenolic, and
epoxy.
A number of armor systems have a laminated or layered structure. As each layer
can be a different material, it provides choice for design. One interesting finding is that
introducing an air gap between layers can significantly increase the penetration
resistance.86
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With the rapid development of science and technology, future armor materials will
include, but not be limited to, steels, light alloys, fibers and fiber reinforced plastics, textiles,
glasses and ceramics, microtruss materials, as well as nanomaterials.86

Nanoscale Mechanical Characterization
The nanoindentation technique is widely applied to measure the hardness and
elastic modulus of small volumes of materials.87,88 The nanoindenter can obtain a forcedisplacement curve by measuring the force and displacement simultaneously with high
precision (Figure 1.8). The indentor tip is made from extremely stiff materials, and small
loads and tip sizes are used.

Figure 1.8 | Nanoindentation schematic.89
Micro-compression is another way to measure the stress-strain curves of
nanomaterials by probing the mechanical behavior of micro-pillars, mostly fabricated with
focused ion beam (FIB) (Figure 1.9).90-93
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Figure 1.9 | Micro-compression schematic.1
Micro-tensile testing has been developed to test very small samples.94-99 Compared
to the conventional tension testing, this method requires very high accuracy measurement
of stress and strain. Piezoelectric actuators are often used to provide extreme control of
displacement, and some approaches, such as digital image correlation, are currently used
in strain measurement.

Figure 1.10 | Micro-tensile testing system apparatus.1
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Strain-induced elastic buckling instability is a novel technique to measure the
mechanical properties of thin films.100,101 A thin film is bound to a soft substrate. The
buckling instability is then induced by a compressive stress. The wavelength (d) of the
buckling pattern can be expressed by
𝑑 = 2𝜋ℎ u

(1 − 𝜈. N )𝐸D
3'1 − 𝜈D N -𝐸.

]⁄i

y

Where h is the thickness of the upper film, n is the Poisson’s ratio, and E is the Young’s
modulus. The subscripts f and s correspond to the film and substrate.

Figure 1.11 | Buckling setup and a PS film on PDMS substrate.101
Experimental Techniques for High Strain Rate Characterization
Up to now, mechanical characteristics of nanocomposites were mostly investigated
at quasi-static rates, in which load can be transferred through dynamic friction at the
interfaces by relative sliding between sheets and segments. A few techniques are used to
study material behaviors at high strain rates (Figure 1.12), such as dropweight machine102,
split Hopkinson pressure bars103, Taylor impact104, plate impact105, and ballistic testing106.
Dropweight machine uses a falling weight to strike objects in the strain rate range 10 – 103
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s-1. Hopkinson pressure bar was employed to measure dynamic properties of materials in
the strain rate range 103 – 104 s-1. The specimen is placed between two bars and loaded by
a stress wave. By monitoring incident, transmitted and reflected waves with strain gauges,
strain and stress can be calculated. The Taylor test was developed as a method of examining
materials under dynamic loads at strain rates of 105 s-1 or higher. It involves the impact of
a cylindrical specimen on a rigid target at normal incidence. In plate impact, a disc of
material is fired towards a target specimen at strain rates from 106 to 108 s-1. Ballistic testing
uses real bullets to impact armor materials for assessment. However, as all these techniques
require a sample size to be of macroscopic scale, it is challenging to apply to
nanocomposites.

Figure 1.12 | Schematic diagram of strain rate regimes and the techniques.107
Laser-induced Projectile Impact Test
A laser-induced projectile impact test (LIPIT) technique was first introduced in
2012 as a unique characterization tool to investigate material performance at micro-/nanoscale at high strain rates, on the order of 108 s-1.108 Microspheres can be accelerated to up
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to 4km/s towards target specimens via laser ablation of gold. A pulsed laser along with an
optical delay path provides strobe light source for high-speed imaging at nanosecond order
(Figure 1.13). LIPIT provides a way for fundamental studies at extreme conditions.
Various materials including metals, polymers, and 2D materials have been studied using
the LIPIT technique.

Figure 1.13 | Diagrams of LIPIT apparatus.18,108
In 2012, Lee et al. performed the very first LIPIT experiment on polystyrenepolydimethylsiloxane (PS-b-PDMS) diblock-copolymer with block molecular weights of
22 and 24 kg/mol.108 This material has a periodic glass-rubbery layered nanostructure.
Interestingly, order-to-disorder transition was observed when the impact speed reaches 1.1
km/s. The impact energy can be dissipated through layer kinking, compression, chain
flattening, domain fragmentation and segmental mixing (Figure 1.14). Additionally, the
projectile penetration depth of H-orientation is 30% smaller than V-orientation, indicating
that the energy absorption is orientation dependent.
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Figure 1.14 | Local deformation features of H-orientation.108
In 2014, the strength of free-standing multilayer graphene (MLG) was measured,
and it showed that graphene is 10 times better than steel in delocalizing impact energy.18
This work reveals the significantly different deformation process and energy dissipation
mechanism of MLG compared to PMMA and gold nano-membranes. For MLG, the impact
energy was quickly delocalized via cone propagation, followed by initiation of radial
cracks (Figure 1.15). PMMA and gold showed very localized penetration holes, the same
size as the projectile’s cross section. In a later study, high molecular weight polystyrene
film demonstrated crazing, yielding, and adiabatic heating leading to brittle to ductile
transition under impact (Figure 1.16).109 In addition, the specific penetration energy of two
separated films is measured to be higher than that of one film with the same overall
thickness.
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Figure 1.15 | Representative penetration features of MLG membranes.18

Figure 1.16 | PS film deformation morphologies.109
A hyperelastic impact phenomenon of a poly(urethan urea) (PUU) sample was seen
in early 2016.110 A microsphere rebounded after a full conformal penetration, leaving the
specimen intact (Figure 1.17). The resistance of impact is correlated with the glass
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transition temperature (Tg): higher Tg correlates to higher resistance. A follow-up study
explored the molecular influence of PUU.111 Results indicated that the coefficient of
restitution is closely related to the maximum depth of penetration, both of which are
determined by the hard segment content. More hard segment leads to higher rebound speed
and smaller penetration depth. The role of segmental dynamics was further investigated via
broadband dielectric relaxation.112 The variation in dynamic stiffening was found to
corroborate well with the segmental dynamics data. Unlike PUU, the penetration in gelatin
and hydrogel causes a splash and opens a large air cavity (Figure 1.18).113 The trajectories
of projectiles in these soft materials can be predicted by a Poncelet model.

Figure 1.17 | Multi-frame sequences showing single-particle impacts on PUUs and PDMS.
(a) PUU1000 at 770 m/s. (b) PUU2000 at 670 m/s. (c) PDMS at 940 m/s.110
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Figure 1.18 | An impact on 10 wt% gelatin at 1290 m/s.113
Impact-induced phase transition has been observed in metals. In 2016, the
deformation mechanism of single-crystal silver microcubes was demonstrated by
impacting a silicon substrate at around 400 m/s (Figure 1.19).114 The study showed highspeed impact can create gradient nanograined structure and the high elastic energy stored
triggers a continuous recrystallization process. A year later, a deformation-induced 9R
phase was discovered in ultrafine-grained aluminum (Figure 1.20).115

Figure 1.19 | Single-crystal Ag microcubes after impact.114
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Figure 1.20 | Post-impact SEM and TEM image of UFG Al film.115
LIPIT has proven to be quite useful in cold spray related research, because
parameters such as particle size and velocity can be precisely defined for each impact. The
critical velocities of Al, Ni, Cu, and Zn were found to be proportional to the bulk speed of
sound (Figure 1.21), and hydrodynamic jetting was observed (Figure 1.22).116-118 Two
arguments have been made based on the data. 1. Melting can hinder impact-induced
adhesion when the solidification time is much longer than the residence time of the particle
on the substrate. 2. Adhesion is primarily a pressure-driven phenomenon, and adiabatic
shear instability is not necessary for adhesion. Jetting was observed above critical velocity,
suggesting that it plays a critical role in bonding. Since gold (noble metal) exhibits jetting,
the ejection is not solely associated with the fracture of the oxide layer.119 Tin was selected
to study impact-induced erosion due to its low melting temperature.120 The erosion velocity
was defined as the upper bound of the bonding velocity, while the lower bound is the
critical velocity. The authors found that erosion in ductile metals is melt-driven (Figure
1.23).
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Figure 1.21 | Coefficient of restitution for Al, Ni, Cu and Zn and the critical velocities as
a function of sound speed.116,118

Figure 1.22 | LIPIT image showing an Al particle impacting Al substrate.118
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Figure 1.23 | LIPIT and post-mortem SEM images of tin-tin impacts at various speeds.120
The first two generations of LIPIT have fixed interframe time (22 ns and 34.5 ns,
respectively), because the pulse delay was achieved by increasing the optical path (Figure
1.13).18,108 The numbers of exposures are fixed as well: 2 and 3, respectively. Therefore,
the two main limitations of these systems are the speed range and time span. It was then
modified by adding a high-speed camera composed of 16 CCDs that can be independently
triggered with 5 ns exposure time and variable interframe time.110
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CHAPTER 2
EXTREME DYNAMIC BEHAVIOR OF INDIVIDUAL MICRO-FIBERS
Individual micro-fibers are a simple one-dimensional (1D) system to learn the
dynamic mechanical behavior of materials. The paper is published in W. Xie, R. Zhang, R.
J. Headrick, L. Taylor, S. E. Kooi, M. Pasquali, S. Muftu, and J.-H. Lee. "Dynamic
strengthening of carbon nanotube fibers under extreme mechanical impulse." Nano letters
19 (6), 3519-3526 (2019).
Abstract
A monofilament fiber spun from individual carbon nanotubes is an arbitrarily long
ensemble of weakly-interacting, aligned, discrete nanoparticles. Despite the structural
resemblance of carbon nanotube monofilament fibers to crystalline polymeric fibers, very
little is known about their dynamic collective mechanics, which arise from van der Waals
interactions among the individual carbon nanotubes. Using ultrafast stroboscopic
microscopy, we study the collective dynamics of carbon nanotube fibers and compare them
directly with Nylon, Kevlar, and aluminum monofilament fibers under the same supersonic
impact conditions. The in-situ dynamics and kinetic parameters of the fibers show that the
kinetic energy absorption characteristics of the carbon nanotube fibers surpass all other
fibers. This study provides insight into the strain-rate-dependent strengthening mechanics
of an ensemble of nanomaterials for the development of high performance fibers used in
body armor and other protective nanomaterials possessing exceptional stability in various
harsh environments.
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Introduction
Natural fibers1–3 are the oldest example of material technology; over the past
century, synthetic fibers4 have accounted for most of the development in high-performance
materials (e.g., aramids and carbon fibers), where polymeric fibers have been implemented
in a multitude of applications4,5. In the meantime, because of their combination of high
molecular strength, elastic modulus, and low density6–8, carbon nanotubes (CNTs) have
been considered the most promising building blocks for the next-generation of highperformance fibers that could enable applications as extreme as space elevators9. Progress
has been made toward translating CNT properties to the macroscale via several continuous
fabrication methods, including solution spinning10 and direct spinning11 of continuous
CNT fibers (CNTF). CNTF mechanical properties are currently limited by the length of
their constituent CNTs; when macroscopic fibers fail, it is due to the applied stress
exceeding the frictional coupling of the individual CNTs rather than the intrinsic breaking
strength of individual CNTs12,13. In macroscopic CNTFs, quasi-static mechanical
characterization reveals an elastic modulus (70 –350 GPa) and tensile strength (0.23 – 9.0
GPa) well below the modulus (~1 TPa) and strength (~50 GPa) of individual CNTs14,15.
Strain-rate dependence of mechanical properties of CNTFs were reported under
low-speed tensile loading conditions,16,17 where the applied loading speeds were negligible
to the mechanical wave propagation speeds of CNTFs. However, under extremely fast
deformation, combined with the radial collapse of CNTs enhancing interfacial friction18,19
and the intertwined morphology of CNT assemblies within CNTF, interfacial interactions
among CNTs can be substantially amplified. Thus, the ultrahigh-strain-rate (USR)
mechanical performance of CNTFs may be substantially different from the characteristics
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predicted by the quasi-static characteristics of CNTFs. For the real-time USR
characterization of CNTF, it requires microscopic mechanical excitation and precise
quantification of the ultrafast deformation of specimens. As seen in the limitation of typical
USR characterizations20–22, the technical challenge in simultaneously achieving high
temporal (~10 ns) and spatial (~100 nm) resolutions has hindered the USR experimental
characterization of CNTF. Here, we demonstrate the real-time quantification of the USR
dynamic behavior of monofilament CNTFs using ultrafast stroboscopic microscopy; we
show that CNTFs outperform aluminum, Nylon, and Kevlar fibers, even when the
commercial fiber has higher static strength (Kevlar). We also observe that the USR failure
of CNTF involves the localized breaking of carbon-carbon covalent bonds, which has never
been observed in quasi-static tests. In addition, our numerical modeling supports a
significant increase in elastic modulus at high strain rates enabling superior energy
delocalization performance. Therefore, our study affirmatively answers one of the
prolonged questions in nanomaterials research community regarding whether
nanomaterials can actually surpass the performance of current engineering materials at the
macroscopic scale.
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Results and Discussion

Figure 2.1 | Fibers for the extreme mechanical experiment. (a) SEM images of the four
different fibers with illustrations of their structural characteristics. (b) Stress-strain curves
for tensile deformation. (c) Photograph of a CNTF specimen mounted on a sample holder.

In this study, we have developed a novel stroboscopic quantification method based
on an advanced laser induced projectile impact test (α-LIPIT) technique23–25 to meet the
high temporal and spatial resolution. Four different monofilament fibers were studied for
direct comparison: Aluminum 1199 (𝐷D ~15 μm, 𝜆~512 µg/m), Nylon 6,6 (𝐷D ~11 μm,
𝜆~125 µg/m), Kevlar KM2 (𝐷D ~10 μm, 𝜆~120 µg/m), and CNTFs (𝐷D ~10 μm, 𝜆~92
µg/m), where 𝐷D and 𝜆 are the diameter and linear mass density of the fibers. Scanning
electron microscopy (SEM) images of the fibers show different surface textures originating
from their manufacturing processes (Figure 2.1a). Aluminum 1199 is pure aluminum and
represents an isotropic and ductile system. Nylon 6,6 (Nylon) is a polyamide fiber with
47

preferentially aligned linear macromolecules, crystallized via intermolecular hydrogen
bonds. Kevlar KM2 (Kevlar) is a lightweight, anti-ballistic, aramid fiber well known for
its high strength and stiffness due to the stiff macromolecules, high degree of axial
molecular orientation, and strong intermolecular hydrogen bonding. Monofilament CNTFs
were produced by wet-spinning high-quality, high aspect ratio CNTs from superacid
solutions13,26. The individual CNTs were a mixture of single (~35%) and double-walled
(~65%) CNTs with a mean diameter of ~1.8 nm (determined spectroscopically and via
TEM) and a length of ~7.3 μm as determined by capillary breakup extensional rheology27.
CNTs molecular stiffness is three to five orders of magnitude larger than the molecules
present in Nylon and Kevlar28. Additionally, the inter-CNT friction within the fiber is
dominated by van der Waals interactions, which are significantly weaker than the hydrogen
bonds in Nylon and Kevlar. The quasi-static elastic moduli and ultimate tensile strength
values are 23.1 GPa and 0.1 GPa for Aluminum, 4.5 GPa and 1.2 GPa for Nylon, 87.6 GPa
and 4.6 GPa for Kevlar, and 73.0 GPa and 2.1 GPa for CNTF, respectively (see Figure
2.1b and 2.5). For the USR characterization, each single fiber was mounted on a fiber
holder with a pre-tension of 1.3 mN (Figure 2.1c).
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Figure 2.2 | Ultrafast stroboscopic imaging of individual fibers subjected to supersonic
transverse impact of a probe-particle. (a) Schematic of sequential deformation shapes of a
fiber under a probe-particle impact. (b) Optical image of four fibers suspended in air. A
typical size of a probe-particle is depicted. Femtosecond multi-exposure micrographs of
(c) Aluminum, (d) Nylon, (e) Kevlar, and (f) CNTF showing real-time deformation of the
fibers. Image contrast was enhanced using its pre-impact reference images.

When a fiber is impacted by a spherical probe-particle of mass 𝑚B and a diameter
𝐷B in the transverse direction of the fiber (see Figure 2.2a), the time-evolution of the fiber
deformation provides important dynamic parameters such as deflection angle (𝛾) and
transverse wave speed (𝑐• ). To apply an USR stimulus to the fiber, a glass microsphere
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(𝐷B =28.9 ± 1.3 μm) with a density (𝜌B ) of 2.4 g/cm3 was accelerated to a supersonic speed
(𝑣f ~ 500 m/s, equivalent to ~ 4.0 μJ) using the α-LIPIT setup (see Experimental Section).
Due to the cylindrical and spherical geometries of the fibers and the probe-particle
respectively (Figure 2.2b), the impact position had to be close to the center of the fiber
(within 2 μm) in order to avoid deflecting the probe-particle during the impact-driven
deformation process. In the ultrafast stroboscopic characterization, evenly gated ultrafast
white light pulses were used to capture the multiple-exposed optical micrographs of the
fibers being deformed by the probe-particle’s impact. The quantitative micrographs were
acquired without any motion blur utilizing an ultrafast exposure time (<1 ps) and an
optically defined, inter-frame time (∆𝑡=25.14 ns) (Figure 2.2c-f). The image enhancement
method is described in Experimental Section. The characteristic V-shape formation at 125
ns, with the different deflection angles 𝛾 ≈ 35° (Aluminum), 40° (Nylon), 24° (Kevlar),
and 21° (CNTF) being taken into account, shows that 𝑐• is related to a fiber’s characteristic
behavior. Additionally, 𝛾 changes slowly during deceleration, which can be explained by
™

an analytical model (30), where 𝛾 ≈

NX š
L / O , 𝑐’
˜

is fiber’s longitudinal wave speed, and 𝑣 is

the instantaneous velocity of the probe-particle. The modeled 𝛾 values were approximately
29° (Aluminum), 40° (Nylon), 24° (Kevlar), and 25° (CNTF) at 125 ns. The experimental
and modeled values match well for Nylon and Kevlar but not for Aluminum and CNTF.
Because the model29 simply treats the fiber as an elastic beam, the considerable deviation
of the measured values of 𝛾 may indicate that the USR deformation of Aluminum and
CNTF likely affected their constitutive behavior, e.g., by extensive plastic deformation or
strain-rate hardening.
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Figure 2.3 | Impact-induced damage features. (a - d) SEM images of the damage features
on fibers taken from top and side (inset) are shown with areas of residual deformation. (e)
Raman mapping area of a CNTF after impact at 𝑣f = 490 m/s. (f) Raman map of the G/D
ratio on the impacted CNTF.
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The apparent damage caused by the impact can be seen in Figure 2.3a-d. Note that
none of the fibers were broken after probe-particle impacts at 𝑣f ~500 m/s. Aluminum
underwent severe plastic deformation at the impact region, but no evidence of melting was
observed (Figure 2.3a). Due to higher levels of delocalization of impact energy, other
fibers demonstrate shallower craters and limited permanent deformation (Figure 2.3b-d)
as indicated by the residual deformation areas. Interestingly, only Kevlar exhibited brittle
fracture propagating along the axial direction of the fiber, even though Nylon, Kevlar, and
CNTF all possess highly anisotropic morphologies. When testing Kevlar and CNTF at 𝑣f >
600 m/s, both fibers were completely fractured and the probe-particle passed through the
middle of the fiber (see Figure 2.6). However, the damage observed in the CNTF was less
severe than Kevlar. Compared to the high crystallinity of Kevlar30,31, the randomly stacked
(or liquid-crystal-like) morphology of CNTs14,32 can accommodate higher axial fracture
toughness despite the inter-CNT interactions being weaker than the hydrogen bonding of
Kevlar. To investigate the molecular damage of the CNTs, Raman spectroscopic mapping
was performed near the impact area (Figure 2.3e and f). The relative intensity ratio of the
Raman G peak (~1,590 cm-1, corresponding to sp2 hybridized hexagonal carbon lattices)
and D peak (~1,350 cm-1, indicating defects in the ordered structure such as 5 or 7-member
rings or sp3 hybridized carbon) was substantially decreased only at the direct impact region.
This suggests that the impact induced significant atomic rearrangement, resulting in defects
in the sp2 hybridized hexagonal carbon lattices through failure modes including
collapse33,34 and unzipping of CNTs35 as well as chemical reactions. The bimodal
distribution of the G/D ratio at the impact center implies that the damage largely originates
from the extreme dynamic friction with the probe-particle and resultant shear deformation
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along the transverse direction. Note that the low G/D ratio at the edge of the fiber is an
artifact from the measurement method resulting from laser focusing difficulties on the
curved structure.

Figure 2.4 | Dynamic characteristics of the fibers. (a) Probe-particle position after
impacting the fibers. (b) Specific energy dissipation ratio as a function of time. (c) Realtime force curves during the impact are shown with their estimated peak values. (d)
Numerically simulated deformation of CNTF shows a propagation of transverse and
dispersive bending waves. Local velocities (right) and stresses (left) are displayed by color
scales. (e) Impact energy dissipation performance of different fibers depending on their
characteristic wave speeds. Triangle symbols show data points from the higher-packingdensity CNTF.
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The displacement of a colliding probe-particle, 𝑧(𝑡), was quantified via the ultrafast
stroboscopic micrographs (Figure 2.4a). The probe-particles did not have identical 𝐷B and
𝑣f ; therefore, the time-dependent probe-particle position 𝑧(𝑡) curves do not overlap even
for the same kind of fiber. The instantaneous velocity, 𝑣(𝑡), and acceleration, 𝑎(𝑡), were
also quantified with a temporal resolution of ∆𝑡. Thus, from the kinetic energy of a probe]

particle, 𝐸8 (𝑡) = N 𝑚B 𝑣 N , we define the specific energy dissipation ratio, 𝐸 ∗ (𝑡) ≡
žŸ (f)zžŸ (I)
žŸ (f)∙

, to collapse data taken at different 𝑣f , 𝐷B , and 𝜆 and quantify the intrinsic

dynamic performance of the fibers (Figure 2.4b). The 𝐸 ∗ curves indicate that the three
anisotropic fibers consistently outperformed the Aluminum fiber. For all of the fibers, the
real time force, 𝐹(𝑡) = 𝑚B 𝑎(𝑡), (Figure 2.4c) reached its maxima within 0.2 µs, where
the extreme impulse from the probe-particle caused the inertial compression and
subsequent deformation of each fiber. Note that the time-dependent kinetic quantities are
actually averaged over the inter-frame time (∆𝑡=25.14 ns). After reaching the maxima, the
decay trend of 𝐹(𝑡) is more complicated due to oscillatory features. Fiber mechanics and
its interaction with the probe particle were modeled by large deformation continuum
mechanics simulations using the finite element method. Material properties of the CNTFs
were determined by minimizing the error between measured and simulated displacement
histories of the probe-particle motion z(t) (see Experimental Section for details). While
Figure 2.4c shows the overall force exerted on the probe particle, the simulations (Figure
2.4d) demonstrate the local stress and velocity variation on the fiber and confirm that the
oscillatory feature in the force history (Figure 2.4c) originates from the reflected
longitudinal wave from the boundaries. Using the peak values of the forces and the areas
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of residual deformation (Figure 2.3), and assuming that the peak force is uniformly
distributed over the entire impact area, yields estimated average peak pressures of 190
(Aluminum), 190 (Nylon), 330 (Kevlar), and 370 MPa (CNTF). The rapid propagation of
transverse waves (smaller 𝛾 ) and higher elastic modulus (Y) are responsible for the
significantly higher pressures of Kevlar and CNTF.
In the absence of experimental characterization, the USR performance of fibers has
been estimated in the literature via the Cunniff factor 𝑈 ∗ ≡

¢£¤ ¥£¤
N¦

†

…¦, where 𝜎•§ , 𝜀•§ , and

𝑌 are the ultimate axial tensile strength, ultimate tensile strain, and Young’s modulus from
quasi-static tensile testing, respectively and 𝜌 is the fiber mass density36. Despite its
usefulness29,37,38, we find that 𝑈 ∗ yields inaccurate predictions due to strain-rate-dependent
properties, impact-induced local plastic deformation, and inertia. In our ultrafast
stroboscopic approach, the slope of 𝐸 ∗ is a direct indication of how rapidly the impact
energy of a probe-particle is reduced through the interaction with the fiber. Thus, the
maximum slope of 𝐸 ∗ is understood as a specific energy dissipation power (SEDP), which
provides an experimental measure of the USR energy dissipation efficiency of fibers. The
slope values were obtained by fitting the linear portion of the 𝐸 ∗ curves. Remarkably, we
find that the SEDP scales linearly with the transverse wave speed as SEDP= (7.5 ×
10]f 𝑘𝑔z] )𝑐• , regardless of individual material characteristics (Figure 2.4e). Conversely,
†

𝑐’ = …¦ does not capture the USR material’s characteristics (Figure 2.4e). Using Smith’s
model based on the linear elastic behavior and a simple V-shape geometry39, 𝑐• can be
predicted for Aluminum, Nylon, Kevlar and CNTF to be 578, 472, 888, and 878 m s-1,
respectively. However, the considerable discrepancy between our experimentally observed
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𝑐• values indicates that rate-dependent mechanical characteristics of fibers must be
accounted for. While CNTF performs 11% better than Kevlar in SEDP, 17% higher SEPD
was observed from a different batch of solution spun CNTF having a smaller diameter
(𝐷D ~9 µm, 𝜆~77 µg m-1), presumably due to improved internal packing density within the
fiber cross section12. The improvement in packing density is the result of optimized
processing conditions (draw ratio, coagulation, etc.), as recently reported13. Dynamic
mechanical parameters of CNTF were estimated through optimization of the material’s
parameters in the numerical simulations. Interestingly, the experimentally-measured
probe-particle’s motion 𝑧(𝑡) could not be simulated with the quasi-static modulus (𝑌=73
GPa) and required a substantially higher modulus (𝑌=213±113 GPa). This indicates that
the excellent energy absorption characteristics under extreme dynamic conditions originate
from USR hardening of the CNTF, likely due to increased frictional interactions among
CNTs.
Exposure to high temperature, radiation, or chemicals can significantly deteriorate
the mechanical performance of polymeric fibers40–43. CNTF is expected to demonstrate
superior stability in harsh environments compared to other organic fibers. Furthermore, the
intrinsic stiffness and size of individual CNTs44 stabilize the axially aligned morphology
of CNTF against temperature-induced disordering. Thus, thermal softening and thermal
relaxation are largely suppressed compared to polymeric fibers. After exposure to 250 °C
in air for 100 hours, Kevlar exhibited 7% mass loss and 49% reduced tensile strength on
average (Figure 2.7), while the CNTF did not display any meaningful change in density
and static mechanical performance. Moreover, the USR performance of heat-treated Kevlar
exhibits reduced energy absorption capability while heat-treated CNTF shows no obvious
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reduction in performance (Figure 2.8a). Indeed, CNTF showed similar impact damage to
those without heat treatment, whereas Kevlar showed complete failure not only along the
axial direction but also in the radial direction, which was not observed in previous
experiments. (Figure 2.8b-c).
USR mechanical characteristics of monofilament CNTFs are quantified by ultrafast
stroboscopic microscopy and corresponding numerical modeling. CNTF shows higher
energy dissipation capabilities than Kevlar due to the rate-dependent collective interactions
among the individual CNTs. The direct comparison to other commercial fibers firmly
demonstrates that CNTF can surpass the USR mechanical performance of polymeric fibers,
especially in extreme environments. Future investigations will study how the USR
performance of CNTF depends on surface chemical coupling of CNTs, increased CNT
aspect ratio, and improved ordering and densification of CNTs via twisting and braiding.
In the aspect of computational modeling, the demonstrated well-defined USR experimental
results can be useful in the development of more realistic molecular dynamics simulations
among CNTs, which will eventually show a major mechanism of the collective
strengthening property. More generally, our ultrafast stroboscopic study shows that a
macroscopic ensemble of weakly-coupled nanoscale building blocks can outperform the
conventional materials through strain-rate-amplified friction. This work is focused on 500
m s-1 impact speed, however, we believe there is a transition speed, above which CNTF
starts to surpass Kevlar. Thus, using this scale-up design of nanomaterials, extremely
lightweight materials are envisioned for protecting people, aircraft, spacecraft, and
artificial satellites from projectiles, explosive fragments, and untraceable space debris.
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Experimental Section
CNTF fabrication: Single walled CNTs were purchased from Meijo Nano Carbon
Company Ltd (batch EC1.5). The CNTs were purified of amorphous carbon by oxidation
in a tube furnace (Mellen NACCITM) at 420 °C for 12 hours with a 100 ccm/min flow rate
of air. Afterwards, the CNTs were washed in HCl to remove the iron catalyst. CNTFs were
spun as reported previously12,13,26. Briefly, CNTs were dissolved at 1 wt% in chlorosulfonic
acid. The solution was extruded through a 65 μm spinneret into an acetone bath and
collected onto a rotating drum. The fibers were then washed with room temperature water
and dried in an oven at 115 °C overnight.
Aluminum 1199, Nylon 6,6 and Kevlar KM2 fibers: Aluminum 1199, Nylon 6,6
and Kevlar KM2 fibers are from California Fine Wire Co., MiniFIBERS, Inc, and DuPont,
respectively.
Sample preparation for the ultrafast stroboscopic microscopy: A single fiber was
mounted on a fiber holder using an adhesive (LoctiteÒ super glue). The gauge length of
each fiber was 2.25 mm, set by the distance between the two supports of the fiber holder.
Fiber holder was made by curing two-part epoxy resin in a mold, covered by a glass plate
on top. One single fiber was fixed between the two epoxy blocks with the super glue. For
consistent pre-tension (~1.3 mN), one end of a fiber was glued first to one of the two epoxy
supports. A small weight (~0.13 g) was attached to fiber’s unmounted side. In the vertical
position, while the fiber was under the pre-tension, fiber’s other end was glued to the rest
of the epoxy supports.
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Image enhancement method: We took two photos for each experiment, one
background image before impact and one in-situ image during impact. To get better
contrast, we subtract the background from the in-situ image using Adobe Photoshop.
Characterization: Resonant Raman spectroscopy was performed with a Renishaw
InVia Confocal Raman microscope. The post mortem Raman map was collected with 633
nm excitation wavelength in an 85 μm by 17 μm area with a 2 μm step size along the length
of the fiber and a 1 μm step size across the diameter. The G/D ratio was calculated by
taking the maximum intensity in the G peak region (1,500 - 1,700 cm-1) divided by the
maximum intensity in the D peak region (1,250 - 1,400 cm-1); peak positions were
simultaneously determined. High-resolution scanning electron microscopy (SEM) (FEI
Magellan 400) was used to study the damage features of the fibers after impact.
Nano-tensile test: The fibers were mounted on thick paper frames using Loctite
super glue. The paper frame is 20 mm by 10 mm with a 7 mm diameter circular window at
the center. The gauge length of the fibers is 7 mm. Tensile tests were conducted using an
MTS Nano UTM Testing System with a load cell of 0.5 N and a load resolution of 50 nN
at a strain rate of 1×10-3 s-1. The quasi-static elastic modulus and ultimate tensile strength
are 23.1 GPa and 0.1 GPa for Aluminum, 4.5 GPa and 1.2 GPa for Nylon, 87.6 GPa and
4.6 GPa for Kevlar, and 73.0 GPa and 2.1 GPa for CNTF. Note that the values above are
the average of 5 samples, and the curves shown in the figures represent just one case for
each type of fiber.
Numerical modeling: Commercially available finite element (FE) software
ABAQUS® was used to numerically simulate the impact of a spherical glass probe-particle
with a CNTF. The fiber was modeled as a three-dimensional continuum undergoing large
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deformation. The model is constructed using 3D solid elements (C3D8R) with reduced
integration. Enhanced hourglass control is used to address the excessive element distortion.
Only one-quarter of the CNTF is modeled with a total of 360865 elements, where there are
40 elements along the diameter, 200 elements along the length of finer mesh zone ten times
greater than the radius of the projectile and 400 evenly distributed elements outside this
region. A mesh convergence is conducted in terms of the corresponding displacement of
projectile and shows the maximum difference among various meshes less than 1%.
Tensile test results presented in Figure 2.1c shows that CNTF deforms in a linear
manner until it suddenly fails and no evidence of plasticity in the longitudinal direction is
observed in these quasi-static tests. On the other hand, Figure 2.3d shows a permanently
deformed indentation region, indicating a plastic deformation mechanism in the transverse
direction. This general behavior is very similar to that of Kevlar and has been observed by
Sockalingam et al.45. In this work we adopted a continuum representation of the material
model that is inspired by the Kevlar model presented by these authors. The material is
transversely isotropic in its elastic phase, but it is anisotropic in its plastic phase in such a
manner that no plastic response exists in the longitudinal direction but a nonlinear plastic
response of the type presented by Sockalingam is adopted in the radial direction.
The glass probe-particle was modeled as a rigid body due to its higher stiffness in
comparison to the fiber in the transverse direction. Material parameters of the CNTF were
determined by matching the measured displacement history z(t) of the probe with the
computed deformation history of the CNTF. To this end the error between the computed
and measured displacement histories were minimized in a numerical scheme in which the
material properties were treated as unknown variables. The finite element simulations were
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performed with different material values until the error in the displacement history is
minimized. The method of steepest descent was used to determine values used in this
process. Due to the lack of a direct source for the mechanical properties of CNTF, the
material property search started with the properties of Kevlar KM2 fiber, which has a
similar loading curves as the CNTF as reported by Sockalingam et al.45 The transversely
isotropic elastic behavior was controlled by 5 constants; the longitudinal elastic modulus
had a dominant contribution throughout the optimization. A yield stress-plastic strain data
set extracted from transversely compressed test of Kevlar KM2 fiber45 was used in a format
suitable for direct input into ABAQUS®, and was controlled by a scaling factor to adjust
its contribution. Material property search was performed by using the results of 6 different
impact experiments. The averages of the best fit values are reported in Table 2.1.
Material Property

Parameter

Value

Elastic

Longitudinal elastic modulus

213±113
Transverse elastic modulus
10
Longitudinal shear modulus
24.4
Longitudinal Poisson’s ratio
0.6
Transverse Poisson’s ratio
0.24
a)
Plastic
Plastic scaling factor
10
a) The stress-strain curve from reference45 was scaled by this factor.

Unit
GPa
GPa
GPa

Table 2.1. Optimized material properties used in finite element simulation.

Supporting Information
Nano-tensile test: The presentative results for four types of fibers are shown in
Figure S2.1. Necking occurs in aluminum fibers. Nylon exhibits the largest elongation
upon failure. Kevlar presents linear elastic stress-strain response until fracture. CNTF
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shows a non-linear region before failure, which may be attributed to the relative sliding
between CNTs.

Figure 2.5 | Stress-strain relation of (a) Al, (b) Nylon, (c) Kevlar, and (d) CNTF.
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SEM images of Kevlar and CNTF upon higher speed impact:

Figure 2.6 | SEM images of (a) Kevlar (b) CNTF under an impact speed greater than 600
m/s.

Effect of heat treatment on mechanical properties of Kevlar and CNTF at quasistatic rate: Kevlar and CNTF were heated in a tube furnace at 250 °C in air for 100 hours
and gradually cooled down. The tensile tests were conducted at room temperature.

Figure 2.7 | Stress-strain relation of Kevlar and CNTF before and after heat treatment.
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Effects of heat treatment on ballistic performance of Kevlar and CNTF: Kevlar
displays a smaller specific energy dissipation ratio and severe damage after heat treatment.
CNTF dissipated the same amount of energy after heat treatment and the damage features
look similar to those without heating.

Figure 2.8 | Specific penetration energy ratio and SEM images of heat treated Kevlar and
CNTF fiber. (a) Specific penetration energy ratio of heat treated Kevlar and CNTF fiber as
a function of time. (b) SEM image of heat treated Kevlar after impact. (c) SEM image of
heat treated CNTF fiber after impact (inset: higher magnification of the damage features).
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CHAPTER 3
QUASI-PLASTIC FRACTURE OF MULTILAYER GRAPHENE UNDER
SUPERSONIC PENETRATION IN VACUUM
Now that we’ve studied the one-dimensional micro-fiber system, we can then move
on to the two-dimensional (2D) membrane system. The paper is a manuscript in preparation.
Abstract
Graphene is a very promising material platform for the mitigation of supersonic
and hypersonic impacts due to its capability for exceptionally-fast delocalization of impact
energy. However, for the accurate investigation of the intrinsic dynamic characteristics of
graphene, decoupling of aerodynamic effects from its dynamic deformation process is
essential. Here, we present the comprehensive dynamic behavior of free-standing
multilayer graphene with regard to impact speeds ranging from 280 – 900 m/s and
multilayer graphene thicknesses from 15 – 95 nm. Compared to the previously known
specific penetration energies based on the dynamics of MLG in air, approximately 300 %
higher energy delocalization performance can be achievable when the unrestricted fast
deformation of multilayer graphene is allowed. While the penetration energies widely vary
due to the brittle nature of multilayer-graphene, a bimodal distribution of the penetration
energies implies that higher impact energy mitigation may be possible through the
suppression of graphene’s crystallographic nature.
Introduction
Graphene, a single layer of hexagonal lattice of carbon atoms, is the strongest
material ever measured.1,2 The covalent bonds among the carbon atoms lead to its 5 times
higher elastic modulus (1 TPa) and 300 times greater ultimate strength (130 GPa)3
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compared to that of steel4 under quasi-static deformation. However, because dynamic
characteristics of materials can be significantly different,5-8 the previous mechanical studies
of graphene under the quasi-static condition cannot be predict the dynamic strength of
graphene in general. Unlike under quasi-static loading conditions, inertia, wave
propagation, and adiabatic processes become significant factors in dynamic deformation
events.9-11 To investigate the ultrahigh-strain-rate (UHS) behavior of multilayer graphene
(MLG), the microscopic projectile penetration experiment of MLG membranes was
performed in air,12 where MLG was expected to be 10 times better than steel in the
delocalization of impact energy due to its exceptionally high speed of sound.12 This
outstanding characteristic of impact energy delocalization is particularly desired in a
lightweight protective material,13 because a projectile’s kinetic energy when it impinges an
impact point has to be immediately re-distributed through the armor layer perpendicular to
the impact direction. As the initial point-like impact turns into areal impact, the threat of
penetration can be mitigated without increasing thickness of the armor system. Thus, the
extraordinary mechanical characteristics of graphene motivates the next generation of
technology, such as ultra-strong and lightweight composites, as well as protective
coatings.13
According to the recent numerical simulations, which were motivated by the
microscopic ballistic penetration experiments of MLG, significantly higher energy
delocalization performance than the experimental observation was predicted.14-16 Various
effects from defects in MLG17, reflection of elastic waves18, and a thickness dependent
scaling law19 were proposed to explain the discrepancy between the experiment and
numerical simulations. Because a MLG membrane had to be rapidly deformed during the
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penetration event, it is possible for the aerodynamic drag of the MLG membrane to be
substantial despite the aerodynamic contribution to the impact energy delocalization
performance not yet being quantified. To account for the aerodynamic effects and better
understand the USR mechanics, herein, we report on the intrinsic dynamic behavior of
graphene by performing the micro-ballistic characterization in vacuum. Because the
vacuum level (~260 mTorr) is approximately 1/3,000 of the atmospheric pressure,
undesired effects from air, including the aerodynamic friction of a projectile and a
membrane specimen, become negligible. Dynamic penetration dynamics of polystyrene
(PS) thin-films were also studied under the same conditions to compare the differences
between the crystalline MLG and amorphous PS.
Results and Discussion
3.7 µm diameter (𝐷" ) silica spheres were placed on a launch pad as projectiles. The
launch pad was a gold coated glass substrate with a 30 µm thick poly(dimethylsiloxane)
(PDMS) layer on top (Figure 3.1a). Upon laser ablation of the gold film, the fast expanding
PDMS layer propelled a single micro-sphere to a supersonic speed20. By changing the laser
pulse energy, we adjusted projectile’s speed, within a range from 280 m/s to 900 m/s.21
MLG membranes were mechanically exfoliated from highly ordered pyrolytic graphite
(grade SPI-1, SPI Supplies), with thicknesses varying from 15 to 95 nm, and mounted on
a TEM grid with 85 µm square holes (Figure 3.1b). The local thickness of the impact area
(ℎ) was defined using thickness-dependent optical transmittance.12 170 nm thick PS films
(Mw = 34.8 kg/mol, PDI = 1.02, Polymer Source Inc.) were fabricated by spin coating.12
We measured the real-time positions of the projectile, 𝑧(𝑡) using an ultrafast imaging
system (~1 ps exposure time) to obtain accurate velocities of a projectile both before and
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after penetration. Figure 3.1c is a multiple exposure photograph captured during the flight
of a projectile with an inter-frame time (∆𝑡) of 100.55 ns. The instantaneous velocity, 𝑣(𝑡),
can be calculated from 𝑣(𝑡) =

-(I‘∆I)z-(I)
∆I

and the kinetic energy loss of the projectile, ∆𝐸® ,

]

is defined by N 𝑚" [𝑣(0)N − 𝑣(𝑡)N ], in which 𝑚" is the mass of the projectile. For example,
in Figure 3.1c, the projectile was decelerated from 529 m/s to 472 m/s after penetration
through a 43 nm thick MLG membrane, equivalent to ∆𝐸® of 1.45±0.15 nJ. In addition, the
speed of the projectile remained constant before and after penetration, confirming that the
air drag effect was negligible.
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Figure 3.1 | The micro-ballistic experiment. (a) Scheme of the vacuum experiment. (b)
Optical microscopic image of MLG membrane on a TEM grid. (c) A multi-exposure
micrograph showing the penetration event.

We suppose the penetration process has four stages. (i) Initial contact stage: the
projectile makes a contact with the MLG membrane and initiates a radially propagating inplane longitudinal wave at a speed of 𝑐¯ ~22.2 km/s. (ii) Development stage of conic
deformation: the MLG membrane was driven by the projectile to move forward along the
impact direction, forming a propagating conic deformation wave. (iii) Fracture stage: the
conically-deformed membrane is fractured after exceeding the maximum strain, giving rise
to radially propagating cracks. (iv) Post-penetration stage: the penetrating projectile is
mechanically detached from the MLG membrane, and the stored elastic energy in the
membrane is released through the post-penetration fractures of the MLG membrane. We
studied a post-penetration velocity of a residual velocity (𝑣° ) as a function of the impact
velocity (𝑣± ) and ℎ, where the line of 𝑣° = 𝑣± is the upper limit (Figure 3.2a). The plot
evidently shows 𝑣° with a linear trend for 𝑣± especially at the higher range of 𝑣± . Similar
trends of 𝑣° (𝑣± ) was predicted by several analytical models such as molecular dynamics
simulation18,22, the density functional tight-binding atomistic model23, and the continuum
model based on finite element method.23 The simulation results not only present the linear
trend, but also predict a transition region from rebound to penetration.
A contour plot of 𝑣° (𝑣± , ℎ) in Figure 3.2b was drawn to better demonstrate how 𝑣°
changes with 𝑣± and ℎ . The contour lines were created by triangulation and linear
interpolation. To explore the coupled effect from 𝑣± and ℎ, we introduce a penetration
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equation, 𝑣° = 5

5²
² ‘5³²

(𝑣±N − 𝑣´N )]/N , where 𝑚µ" and 𝑣´ are a mass of a free plug and a

minimum penetration velocity, respectively. The expression was originally developed by
Recht and Ipson to study the perforation of plates by blunt fragments under normal impact,
based on the conservation of energy and momentum24. In this model, the kinetic energy
loss of a projectile is attributed to two mechanisms. One is MLG deformation and heat by
perfectly inelastic collision due to the plug possessing the same area as the projectile’s
cross section (as if the strike face area is free from the MLG membrane). The rest is due to
energy dissipation mechanisms such as a shear deformation at the peripheral region at the
strike face area and an indirect kinetic energy transfer to the impact neighbor through a
conic deformation of the MLG membrane. We assume the energy loss by the peripheral
shear area is insensitive to velocity over the studied range, considering ℎ ≪ 𝐷" . Based on
the penetration equation, the residual velocity can be fitted by 𝑣° = ]‘5

]
³² /5²

(𝑣±N − 𝑣´N )]/N

in Figure 3.2c, where 𝑚µ" /𝑚" = (4.69 ∙ 10€ )ℎ, 𝑚µ" = 𝜌" ℎ 𝜋𝐷"N ⁄4 , and 𝑣´N = (1.09 ×
10]N m s zN )ℎ, respectively. Due to the complexity of the actual penetration process, which
includes the conic deformation and fracture formation, 𝑚µ" can be understood as a mass of
a hypothetical free plug, which has the same cross sectional area as the projectile (𝐴. =
𝜋𝐷"N ⁄4), rather than a mass of the actual free plug. The colorless area in Fig. 3.2c indicates
when the 𝑣T becomes zero (no penetration) so the upper boundary of this region is the
minimum speed for penetration (𝑣´ ), which is 330 m/s for 100 nm thickness, for example.
The residual speeds present linear-like dependence on impact speeds within our data range,
as can be seen in Fig. 3.2a. When the impact speed is much larger than the perforation
speed (𝑣± ≫ 𝑣° ), 𝑣° becomes a function of 𝑚" and ℎ only, indicating the damage area is
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highly localized and failure happens before more energy can be transferred through the
transverse deflection.

Figure 3.2 | Residual velocity as a function of impact velocity and thickness. (a) 𝑣° vs. 𝑣±
plot with the physical modeling curves of 0, 20, and 100 nm thick specimens with a color
scale of specimen’s thicknesses. (b) 2D contour plot of 𝑣° (𝑣± , ℎ), where circles show the
measured data points. (c) Interpolated 2D contour plot of 𝑣° (𝑣± , ℎ) based on the physical
model, where the measured data points are co-plotted. The color scales of the contour and
scatter plots are the same.

The penetration features near the impact area at different impact speeds were
examined using scanning electron microscopy (SEM) to further understand the energy
dissipation mechanisms (Figure 3.3). Fragmentation and petal-like features were
commonly observed, as can be seen in the images. The cracks were initiate and propagated
in the radial direction at stage (iii) and were followed by creasing and folding of the petals
(stage iv), which were more frequently observed when 𝑣± > ~500 m/s (Fig. 3.3b-f). At
lower speeds, folding was less likely observed (Figure 3.6), because the transferred kinetic
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energy from the projectile to the membrane was not enough for permanent folding. The
SEM images in Fig. 3.3a-c demonstrate that higher speeds generally caused larger
penetration holes at similar thicknesses. The effect of thickness, on the other hand, is not
very obvious, due to the thickness of the film being considerably small relative to the
diameter of the projectile (Fig. 3.3d-f). The number of cracks (or the number of petals) are
from 3 to 6 across 75 impacts, and 76% cause 4 or 5 cracks (Fig. 3.3j). The average impact
speeds monotonically increase with the crack numbers. We can observe that the number of
cracks only reaches 6 when the impact velocity is higher than 700 m/s, and 5 cracks appear
at 500 m/s or higher. Since cracks are initiated near the impact center, and propagate
radially without bifurcation, the number of cracks (Fig. 3.3j) is supposed to be determined
by the concentrated local strain energy density at the peripheral region. By comparison, PS
only presents a circular hole with the same diameter as the projectile without developing
radial cracks due to the glassy nature of PS (Fig. 3.3g-i). Thus, the impact kinetic energy
was lost through an inelastic collision with the material at the strike face area and shear
deformation at the peripheral region.
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Figure 3.3 | Penetration induced damage features of MLG membranes. (a – c) At various
impact velocities and (d – f) thicknesses. (g – h) Post-penetration features of 170 nm thick
PS membranes at various impact velocities. (j) The number of cracks on MLG membranes
at different impact velocities.

Due to the collision process, ∆𝐸® is directly related to an areal density (𝜌ℎ) of MLG
membrane, resulting in a linear trend of ∆𝐸® with respect to ℎ as explicitly shown in
Figure 3.4a with substantial fluctuations. Also, as ∆𝐸® is increased by having a larger sized
∆ž

projectile, the specific penetration energy 𝐸"∗ ≡ ¦‚½¼ is more appropriate for representing
¾

the capability of materials to dissipate the impact energy regardless of the material’s areal
density and projectile’s size (Figure 3.4b). The density of MLG (r) is 2,200 kg cm-3.
Compared to PS, substantially larger fluctuation of 𝐸"∗ values is observed for MLG.
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$$$
𝐸"∗ (𝑣± , ℎ) curves for 20, 60, and 100 nm thicknesses, which were from the physical model
based 𝑣° -fitting, represent the average trend of specific penetration energy of MLG, and
can better demonstrate the effects from 𝑣± and ℎ. For 𝑣± < 𝑣´ , the projectile is completely
stopped by the MLG membrane; therefore the kinetic energy loss is equal to the projectile
$$$"∗ also exhibits quadratic growth,
impact energy, which is proportional to 𝑣±N . For 𝑣± > 𝑣´ , 𝐸
but with a smaller coefficient because penetration occurs without completely stopping the
$$$"∗ was
projectile. Despite a meaningful correlation with ℎ, the most influential factor on 𝐸
𝑣± . Figure 3.5a and 3.5b are the statistical distribution of the measured 𝐸"∗ values with
$$$"∗ , where ∆≡ '𝐸"∗ − 𝐸
$$$"∗ -/𝐸
$$$"∗ for MLG and PS. The MLG curve exhibits
respect to 𝐸
exceptionally broad distribution while PS displays a very narrow Gaussian distribution.
More interestingly, the MLG distribution exhibits a bimodal feature, which implies that the
wide fluctuation of 𝐸"∗ is not solely determined by the random presence of defects (e.g.,
vacancies, dislocations, grain boundaries, etc.) which can significantly decrease 𝐸B∗ .15 As
seen in the cases of amorphous and plastically deformable PS, interfacial friction and the
spherical geometry of the projectiles can cause critical failure fractures to appear on the
perimeter rather than the center of the contact region (Fig. 3.3g - i). In case of the crystalline
and elastic MLG, however, the membrane undergoes conic deformation. As the projectile
moving forward, a critical point is reached and the wrinkling is induced by the
circumferential compression of MLG.25 The buckling morphologies lead to the
delamination of graphene layers, which occurs above the critical curvature (Figure 3.5c).26
As observed both experimentally27 and theoretically16, a set of spaced thin films can be
more effective in energy dissipation than a single monolithic film of the same overall
thickness. Therefore, more impact energy is absorbed by delaminated MLG, corresponding
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to the second peak in the bimodal distribution. In this case the damage features shown by
SEM are very rough due to the delamination (Figure 3.5e). The buckling instability28
contributes to the two discrete modes, where the first peak occurs when there is no buckling,
thus no delamination. It leaves relatively clean and sharp cracks (Figure 3.5d). Despite the
fluctuation, the value of $$$
𝐸"∗ , near 600 m/s and 900 m/s are larger than 1.10 MJ/kg and 1.26
MJ/kg, which were measured in air12. Moreover, 𝐸"∗ of MLG can potentially reach 3.0
MJ/kg, which is almost 300% higher energy delocalization performance than air. This may
be contradictory to the conventional thought that the film subject to the air resistance can
consume greater kinetic energy29. Because the air drag force exerted over the large area of
the MLG membrane can significantly restrain the conic deformation, impact-induced
stresses are more localized and the onset time of fracture initiation becomes shortened.

Figure 3.4 | Penetration energy. (a) The kinetic energy losses of the projectiles as a function
of MLG thicknesses are shown with the average trends of 300 and 900 m/s from the
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modeling. The color scale indicates different impact velocities. (b) 𝐸"∗ plot with the
physical modeling curves of 20, 60, 100 nm thick specimens is shown with a color scale
of thicknesses. For comparison, the result from 170 nm thick PS membranes is also shown.

Figure 3.5 | The distribution of discrepancies between the measured 𝐸"∗ values and their
average trend $$$
𝐸"∗ . (a) MLG and (b) PS. (c) Two types of conic deformation of MLG
corresponding to different energy dissipation. (d – e) SEM images showing limited and
extensive delamination.
To conclude, we employed micro-ballistic characterization on MLG in a vacuum
environment at various impact velocities to explore the ballistic perforation dynamics of
MLG. Contrary to conventional predictions, MLG demonstrates better performance with
the absence of air resistance. Based on our hypothesis of the origin of the bimodal
distribution, as wrinkle-induced delamination can lead to higher energy dissipation, $$$
𝐸"∗ can
be naturally improved by engineering the distance between graphene layers. Our findings
provide a new perspective on the design of nanomaterials for a wide range of applications
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from body armor to aircraft and spacecraft, where damage can be caused by hypervelocity
impacts.
Supporting Information
Post-impact SEM images of MLG in lower impact speed range:

Figure 3.6 | SEM images of MLG at impact speeds lower than 520 m/s.
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CHAPTER 4
CORRELATIONS BETWEEN MOLECULAR WEIGHT AND BALLISTIC
CHARACTERISTICS OF POLYSTYRENE MEMBRANES IN VACUUM
In the previous chapter, highly-ordered graphene has demonstrated very good
performance upon impact. This chapter will be focused on the amorphous, non-crystalline,
brittle polymer, polystyrene. The paper is a manuscript in preparation.
Abstract
The mechanical behavior of polymers at ultra-high strain rates can be very
interesting due to the inertia effect, wave propagation, and adiabatic process.1 The polymer
chain entanglements play a significant role in the mechanical properties of polymers at low
strain rates. By employing an advanced laser-induced projectile testing (a-LIPIT), we
explored the high-strain-rate behavior of polystyrene depending on the molecular weight
as well as impact velocity. The correlation between the specific penetration energy and the
entanglement density has been observed. The adiabatic heating process and strain rate
hardening can also contribute to the energy dissipation.
Introduction
The impact strength of polymers can be of great significance in many applications.
Polymers may exhibit brittle or ductile fracture depending on several factors. Of particular
interest is the molecular weight.2,3 Polystyrene (PS) is a synthetic aromatic hydrocarbon
polymer, classified as plastics. PS is very brittle and fragile, however, it has been revealed
that high molecular weight (267k) PS undergoes brittle to ductile transition at ultra-high
strain rates (107 s-1), leading to high energy absorption.4 Although the fracture toughness
as a function of molecular weight has been demonstrated by a Charpy impact test (< 104 s-
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1 2

) , the dependency as well as the energy dissipation mechanism is still unknown in the

ultra-high strain rate regime (107 s-1).1,5,6
There is strong correlation between the mechanical properties of polymers and the
polymer chain entanglements at low strain rates,7 because without entanglement only weak
van der Waal’s forces need to be overcome during facture. We wonder what is the role of
entanglement density at ultra-high strain rates. The recent developed a-LIPIT8,9 allows us
to study the extreme dynamic behavior of PS by systematically varying the impact velocity
and molecular weight in vacuum.
Experimental Method
In this work, we investigated the high-strain-rate mechanical properties of
freestanding PS films as a function of impact velocity and molecular weight (Mn) using aLIPIT. The experiment was conducted in vacuum (260 mTorr), so the air resistance can be
negligible. Silica spheres (diameter, D=3.7µm) as bullets were accelerated to 400 – 900
m/s. Eight narrow distribution PS samples with molecular weight varying from 10k to 250k
were selected (Table 4.1). The film thicknesses (h) were around 170 nm, fabricated by spin
coating. At this thickness, the effects from free surfaces due to the chain confinement can
be ignore.10-12 The PS samples were purchased from Polymer Source. They are atactic and
made by living anionic polymerization of styrene. For the fabrication of freestanding PS
films, the sacrificial water-soluble glue (Elmer’s) was first spin coated on a cover glass.
The PS layer was then deposited by spin coating of 2.5 wt% PS dissolved in
cyclopentanone. The film thickness was controlled by spin speed varying from 700 rpm to
1100 rpm for 1 min. A liquid adhesive (Scotch SuperTM 77, 3M) was applied to a TEM
grid (85 µm square hole). The TEM grid was attached to the PS film before the sample was

88

immersed in water. After 12h, the glue was completely removed. The freestanding PS film
was transferred to the TEM grid and dried in air for 24h. The thickness of the film was
measured by a thin film analyzer from Filmetrics.
Sample Name

Mn (kg/mol)

PDI

r (g/cm3)

h (nm)

10k

10.0

1.09

1.06

157±12

21.5k

21.5

1.02

1.06

170±1

34k

34.0

1.02

1.06

173±10

51k

51.0

1.03

1.06

166±3

99k

99.0

1.06

1.06

170±1

149.5k

149.5

1.03

1.06

197±1

200k

200.0

1.07

1.06

171±1

233.5k

233.5

1.06

1.06

169±1

Table 4.1. Summary of polystyrene (PS) film properties.
Results and Discussion
The penetration process was recorded by an ultrafast multi-frame photograph
(Figure 4.1a). The impact velocities (vi) and residual velocities (vr) can be calculated from
this image by the time derivative of position (z) (Figure 4.1b). We found the residual
velocity is linearly dependent on impact velocity (Figure 4.1c) for PS films. The slope is
0.94±0.01, very close to mp/(mp+mps), in accordance with the law of momentum
conservation of a perfectly inelastic collision. Here mp is the mass of the projectile and mps
is the mass of the film with the same area as the projectile’s cross section (As=pD2/4). For
the same impact speed, higher Mn leads to lower residual speed.
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Figure 4.1 | Residual velocity and impact velocity. (a) Real-time penetration photograph.
(b) Instantaneous displacement of the projectile evolves with time. (c) Residual velocity as
a function of impact velocity.

The specific penetration energy (Ep*) is defined by
]

𝐸B∗ = N 𝑚B (𝑣2N − 𝑣TN )¿𝜌𝐴. ℎ

(1)

r is the density of the film.
Our results reveal that the specific penetration energy monotonically increases with
impact speed and higher Mn caused more energy dissipation (Figure 4.2a). The data can
be well fitted by a quadratic function ax2+b. The leading coefficient increments from 1.15
to 1.79 (Figure 4.5a) as a function of Mn. From the law of momentum conservation, we
already know:
𝑣T = 𝑚B 𝑣2 ⁄'𝑚B + 𝑚À§ -

(2)

Thus the kinetic energy lost in the collision:
]

𝐸26 = N 𝑚B 𝑣2N ∙ 𝑚À§ ⁄'𝑚B + 𝑚À§ 90

(3)

The specific penetration energy:
]

𝐸B∗ = L 𝑚À§ 𝑣TN + 𝐸26 + 𝐸T O¿𝑚À§ = 0.95𝑣2N + 𝐸T∗ ,
N

(4)

where Er* is the energy lost other than the inelastic collision.
The leading coefficient of the quadratic fitting is larger than 0.95, indicating there
is other energy dissipation mechanism involved, which is also related to Mn. Combining
the fitting function and Equ(4), 𝐸T∗ consists of two terms: one is proportional to vi2; the
other is constant. Ep* was plotted against Mn at 503±20 m/s and 800±27 m/s (Figure 4.2b).
Ep* starts increasing above 30k and saturate around 150k at 503±20 m/s. For 800 m/s, there
is a transition at 50k and no saturation is observed. It has been found that the critical
molecular weight (Mc) of PS for entanglement is 31.2k,13 below which there is only van
der Waals forces need to be ruptured during fracture. It is close to the transition of Ep*
above 34k in Fig.4.2b. For 34k, the entanglement density is too small to make a difference.
Therefore, we believe the entanglements play a major role in the energy dissipation. Due
to the entanglement of long polymer chains, impact energy can be dissipated through the
stretching of the chains and the entanglements cannot unravel within the extremely short
time span. The leading coefficient (a) monotonically increase with Mn (Fig.4.5a), which
is closely related to entanglements. The constant term (b) equals zero below 50k, which
may also be associated with entanglements. It reaches maximum at 99k then decreases
(Fig.4.5b).
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Figure 4.2 | Specific penetration energy (Ep*). (a) Ep* vs. impact speed. (b) Molecular
weight dependence.

Scanning electron microscopy (SEM) was used to study the damage features
(Figure 4.3). The dashed circle represents the size of the projectile. We can see there is
only a penetration-induced circular hole left after impact. The localized damage is
consistent with the brittle property of amorphous non-crystalline PS. Fig.4.3 only shows
the SEM images under ~600 m/s impact, since the images of each sample look similar over
the entire speed range. Beside the penetration hole, we find crazes appear starting from 34k,
in accordance with Mc, and more crazes can be observed for 149.5k, 200k, and 233.5k,
suggesting crazing is the evidence of polymer chains entanglement.14,15 No shear
deformation is observed, so crazing is the dominant mechanism in this case.16 A timedependent theory of crazing demonstrated crazes can effectively improve the fracture
toughness of a polymer.17 The initial energy absorption of PS in a crazed region is predicted
to be several hundred times greater than the uncrazed area.17 Therefore, it is reasonable to
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believe that crazing is responsible for the higher specific penetration energy, and the long
polymer chains (or high molecular weight) facilitate the mitigation of impact energy.

Figure 4.3 | Post-penetration SEM images of different molecular weight.

The melting features are also observed from the SEM images in high Mn samples
at high impact speeds (Fig.4.3 and Fig.4.6). There is no melting sign for Mn less than 99k.
For 99k, melting is observed when impact speed is higher than 700 m/s, while for 149.5k,
200k, and 233.5k samples, the critical impact speed for melting is 600 m/s. Assuming all
the energy lost during the inelastic collision goes into heating, and the film area that
experiences the intensive deformation is twice the projectile’s cross section, then the
temperature rise can be estimated by:
𝐸26 = 𝑐B 2𝑚À§ (𝑇 − 𝑇f ),

(5)

where cp approximately equals 1220 J/kg °C18, and T0 is 22 °C.
The impact will raise the temperature of the affected area to 54 °C at 400 m/s, 93
°C at 600m/s, 119 °C at 700 m/s and 182 °C at 900 m/s. The glass transition temperature
(Tg) of PS for all the eight samples are between 90 and 100 °C. Therefore, the melting
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features result from the materials softening due to the impact-induced adiabatic heating
process.19 The melting only happens for high Mn samples, because the well-entangled
networks increase the penetration time, thus there is enough time for the gradual transition
from brittle state to viscous state. In Fig.4.2b, the saturation happens for 503±20 m/s
impact, indicating the improvement of ballistic performance originating from
entanglements reaches its limit. Ep* at 800±27 m/s, however, keeps increasing slowly. The
monotonic increase of Mn at saturation arises from the combined effects of adiabatic
heating and strain rate hardening. As the impact speed goes higher, the temperature near
the impact region rises above Tg, making the molecules more mobile. PS becomes more
ductile, and more energy is dissipated through stretching and tearing as a viscoelastic melt.
Strain rate hardening is also involved in this case. Higher impact speed leads to higher
strain rate, at which the polymer chains will be broken instead of move against each other.
The break of covalent bonds will consume more energy than chain movements.
The entanglement density re can be estimated from the entanglement network
model developed by B.H. Bersted20:
𝜌Y = 𝑛i =

NÁÂ ¦
iÃM

Ã

L1 − ÃM O,
Ä

(6)

N0 is the Avogadro’s number, r is the sample density (1060 kg/m3 for PS).
The entanglement density as a function of number-average molecular weight Mn is
plotted in Figure 4.4a. The values for the eight samples we tested are shown in triangles.
re equals zero below 31.2k, increase abruptly, and then begin to saturate at ~150k. The
entanglement density at 34k is fairly small, and that’s why it presents similar behavior to
10k and 21.5k samples. Figure 4.4b shows Ep* is linearly dependent on re for both impact
speeds. The slope for 800 m/s has a larger value than 503 m/s, indicating Ep* increments
94

faster with re at higher speed. We believe the impact-induced temperature rise and strain
rate hardening are the reasons.

Figure 4.4 | Entanglement density. (a) Entanglement density as a function of molecular
weight. (b) Specific penetration energy varies with entanglement density.

From what have been discussed above, there are two different penetration processes.
For Mn < Mc, the fast moving projectile overcomes the van der Waals forces between
polymer chains, and a plug with an area of As is removed from the film. For Mn > Mc, due
to the entanglements, crazing emerges during the penetration, consuming significant
amount of energy. Meanwhile, the polymer chains become more flexible attributed to the
adiabatic heating process when the impact energy is high enough. As the projectile moving
forward, the covalent bonds around the periphery of the sphere are broken, and the plug
detaches from the film.
In summary, we employed a-LIPIT in vacuum to systematically explore the
molecular weight and impact speed dependent behavior of PS at high strain rates. As a
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brittle polymer, PS demonstrates very localized damage upon impact. Our results
emphasize the critical role of the chain entanglements in the energy dissipation capability.
The impact-induced adiabatic heating can further facilitate the chain mobility, leading to
more energy absorption. This work offers an insight into understanding the extreme
dynamic behavior of polymers.
Supporting Information

Figure 4.5 | Quadratic fitting parameters of Ep* as a function of molecular weight. (a)
Leading coefficient and (b) constant term.
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Figure 4.6 | SEM images of different molecular weight at various impact speeds.
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CHAPTER 5
ENTANGLEMENT DENSITY-DEPENDENT ENERGY ABSORPTION OF
POLYCARBONATE FILMS VIA SUPERSONIC FRACTURE
In this chapter, we will explore the extreme mechanics of polycarbonate member
under supersonic impact. The paper is published in E. P. Chan, W. Xie, S. V. Orski, J.-H.
Lee, "Entanglement Density-Dependent Energy Absorption of Polycarbonate Films via
Supersonic Fracture". ACS Macro Letters 8 (7), 806-811 (2019)
Abstract
The fracture behavior of glassy polymers is strongly coupled to molecular
parameters such as entanglement density as well as extrinsic parameters such as strain rate
and test temperature. Here we use laser-induced projectile impact testing (LIPIT) to study
the extreme strain rate (≈ 107 s−1) puncture behavior of free standing polycarbonate (PC)
thin films. We demonstrate that changes to the PC molecular mass and the degree of
plasticization can lead to substantial changes in the specific puncture energy. We relate
these changes to the alteration of the entanglement density of the polymer that determines
the underlying failure mechanism as well as the size of the deformation zone.
Introduction
For polymer glasses, it is well established that the number of entanglement
junctions per chain, i.e. entanglement density (νe), controls their failure mechanism.1–5
Entanglements restrict chain mobility relative to neighboring chains and thus dictate the
extent of strain localization of the polymer.5 In brittle polymers such as polystyrene (PS)
with a characteristically low entanglement density (νe∼4 × 1024 entanglements/m3), crazing
is observed in tension because the local ductility of PS chains is significantly high such
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that strain localization, in the form of void formation, is strongly favored. In other words,
crazing is favored in PS because the crazing stress is lower than the yield stress (σc << σy).
Compared to PS, PC is a tough and transparent engineering thermoplastic with a
much higher entanglement density (νe∼1026 entanglements/m3) that fails via a combination
of shear deformation and crazing in tension. Shear deformation zones are typically
observed directly ahead of the crack tip because crazing is disfavored (σc >> σy) due to the
significant molecular relaxations that suppress void formation. Above the yield point, the
polymer strain hardens until σc ≈ σy at which point crazing occurs.
The effects of entanglement density on the fracture toughness of polymer glasses
are established for quasi-static or low strain rate tests. However, increasing the strain rate
significantly alters the mechanical behavior of polymers. A recent work LIPIT study6 on
the ultra-high rate (≈ 107 s−1) puncture of ultrathin PS films indicated that a decrease in the
film thickness enhances the specific puncture energy of the polymer. They suggested that
in this near surface region, the reduction in entanglement density enhances the ductility of
the PS chains. This facilitates plastic deformation in the form of crazes and unfibrillated
deformation zones that significantly enhances energy absorption. As film thickness
decreases, the near surface PS chains become an increasing fraction of the total film, which
leads to an increase in the specific puncture energy measured from LIPIT.
Results and Discussion
The question we would like to address is whether chain entanglements contribute
to the failure mechanism of tough polymer glasses at extremely high strain rates. In this
work, we use LIPIT to study the role of entanglement density on the high strain rate
mechanical behavior of free-standing Bisphenol A-based PC thin films. We control the
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entanglement density of PC in two ways.7 The first is via changes to the molecular mass of
the PC and the second is via the addition of Aroclor 1260, a chlorinated biphenyl plasticizer
for PC. Details of the sample preparation procedure are provided in the Supplemental
Information section. Table 5.1 summarizes the thickness (h), the number (Mn) and weight
(Mw) average molecular mass of the PC films studied using LIPIT. The plasticized PC
series were prepared by combining the 15.9K PC with Aroclor 1260 at mass fractions of
5 %, 10 % and 15 % Aroclor. As a reference, we prepared PS films for LIPIT testing using
a similar sample preparation procedure. All the films were targeted to be ~200 nm thick.
We also conducted LIPIT measurements on the same materials at other thicknesses and did
not see noticeable changes in the results.

Figure 5.1 | The LIPIT experiment. a) Schematic of the LIPIT instrument. The instrument
utilizes laser-induced forward transfer to launch a 7.6 μm SiO2 microparticle at supersonic
velocity from the surface of a rapidly expanding PDMS membrane to puncture a free
standing thin polycarbonate (PC) film that is adhered to a TEM grid. b) Stroboscopic image
of the puncture event used to quantify the velocity profile of the microparticle. c) Velocity
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profile of the microparticle illustrating the difference in the impact velocity (vi) prior to
puncture of the PC film and the residual velocity (vr) following puncture.

Table 5.1 | Summary of polycarbonate (PC) film properties studied in this work.

Fig.5.1a is a schematic of the LIPIT instrument, which utilizes laser ablation of
gold to propel a microparticle to super- sonic velocity to puncture a free-standing polymer
film. The ablation laser (laser 1) accelerates a single silica microparticle (diameter (2a) =
7.6 μm) that is placed on a PDMS/gold- coated glass plate near the focal point. The
microparticle is accelerated by the rapid and large expansion of the PDMS membrane upon
laser ablation. The microparticle diameter and velocity are measured via ultrafast (1 ps
exposure time) stroboscopic imaging using pulsed white light (laser 2) and a CCD camera
(Fig. 5.1). This imaging platform captures a single optical image that is composed of
multiple exposures or "frames" of the particle puncturing the film.
We use this image to compute the kinetic energy transfer (∆Ek) of the puncture
event, which is related to the impact and residual velocities of the microparticle (vi, vr),7
1
∆𝐸8 = 𝑚(𝑣2N − 𝑣TN ) = 𝐸B + 𝐸KTU+
2
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where Ep is the puncture energy and Edrag is energy loss due to air drag. The position of the
particle (δ) is measured from the optical image. Since the time interval that was used (∆t =
100 ns) between each "frame" is determined by the repetition rate of the laser pulse, the
velocity = ∆δ/∆t.
The LIPIT experiments were conducted in vacuum to minimize the effects of air
drag. In the absence of air drag, ∆Ek = Ep, with Ep encompassing the various dissipation
mechanisms including elastic stretching, fracture, and adiabatic heating of the film. Since
Ep also includes the kinetic energy transfer to the film and the removal of a plug of material,
it is expressed as,
𝐸B =

𝜌B 𝐴ℎ N
𝑣2 + 𝐸K
2

The first term is the minimum inelastic energy transfer to the material for a given h and
puncture area, which is estimated by A = πa2. The second term (Ed) represents all other
energy dissipation mechanisms. To compare materials with different mass densities (ρp),
the specific puncture energy is used instead as it is insensitive to the mass of the material
(ρpAh) in contributing to energy dissipation.
𝐸B∗

𝐸B
𝑣2N
=
=
+ 𝐸K∗
𝜌B 𝐴ℎ
2

Therefore, Ed*=Ed/ ρpAh is a metric for quantifying the extent of energy dissipation of a
given material as the first term represents the lower limit of energy dissipation.
The strain rate (∆ε/∆t) is a function of the radial rate of expansion of deformed
region of the polymer film,6,7 which is approximated as a cone-shaped expanding
membrane of radius Rc,8
∆𝜀 𝜀5U\ 𝑡B 𝑣2 N
≅
≅ Ë Í
∆𝑡
𝑡B
2 𝑅/
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N

Where 𝜀5U\ ≅ '𝑣2 𝑡B ⁄𝑅/ - ⁄2 is a 1-D approximation of the maximum tensile strain for an
isotropic membrane experiencing biaxial deformation. The parameter, 𝑡B ≅ 𝑅/ ⁄𝑣/ , is the
puncture time of the microparticle and is related to the cone velocity ( 𝑣/ =
1.23𝑐|| '𝑣2 ⁄√2 𝑐|| -

N⁄ i

), where 𝑐|| = j𝐸 ∗ ⁄𝜌B is the in-plane speed of sound in the material

that is a function of the plane-strain elasticity modulus (𝐸 ∗ = 𝐸 ⁄(1 − 𝜈 N ) ) and mass
density of the polymer.8
The strain is maximum near the center of impact, it decreases radially and reduces
to zero at ≈ 𝑣/ 𝑡B . This 1-D model underestimates 𝜀5U\ because it assumes the mass of the
local volume element responding to the propagating mechanical wave is held constant
whereas the mass increases radially from the center of impact in a 2-D membrane. Thus
the actual radial strain profile is strongly localized around the puncture center and decreases
faster than the prediction by this 1-Dmodel.7 We use scanning electron microscopy (SEM)
to quantify the post-puncture plastically deformed area (Adef) of each polymer film and
estimate 𝑅/ ≈ j𝐴KYD ⁄𝜋 . Assuming the elastic modulus for bulk PC ( 𝐸 ∗ ≅ 3.5 ×
10Ï 𝑁⁄𝑚N ), 𝑐|| ≅ 1700 𝑚/𝑠 and 𝑣/ ≅ 734 𝑚/𝑠 for vi = 500 m/s. Thus ∆𝜀 ⁄∆𝑡 ranges
from ≈ 2 × 10Ò 𝑠 z] to ≈ 3 × 10Ò 𝑠 z] .
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Figure 5.2 | Specific puncture energy (Ep*) vs. plastically deformed area (Adef) for the
molecular mass and the Aroclor plasticized PC series. The cartoon illustrates the
deformation of the film during the puncture event and highlights the conically deformed
area of the film. The top down SEM micrographs illustrate the deformation mechanism for
all the PC samples post puncture. The error bars represent standard deviation of at least
three measurements. Scalebar = 10 μm.

The work of fracture of a material, closely approximated by the area beneath a stress
vs. strain curve, is enhanced with increasing volume of plastic deformation. This trend is
observed in Fig. 5.2 when we compare Ep* with Adef. Top-down SEM micrographs of the
punctured PC samples show that the molecular mass PC series all undergo shear yielding.
All the samples have penetrated edges that appear to be near-circular with Adef that is larger
than the cross-sectional area (~45 µm2) of the microparticle. There is a transition in the
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deformation mechanism for Mn > 14.8 kg/mol. The edges of the puncture appear quite
smooth below this molecular mass (8.3K, 11.4K, 14.9K) and the deformed area appears to
be stretched along the radial direction. However, many deformation zones (DZs) appear
for the two higher molecular mass PCs (15.9K, 26.0K) and the deformed area consists of
folds reminiscent of surface wrinkles9 that develop in thin films as a result of the balance
in the bending vs. stretching energies of the film due to an external but localized puncture
force. We note that the wrinkles seen in this study are created by the impact-induced
residual plastic deformation of the film without any external forces.
The plasticized PC series show a variety of failure behavior as a function of Aroclor
content. The specific puncture energy for the 5 mass % Aroclor is slightly greater (Ep* =
1.69 MJ/kg ± 0.10 MJ/kg) compared to the neat 15.9K PC (Ep* = 1.53 MJ/kg ± 0.12 MJ/kg).
Although both samples show similar failure deformation mechanisms with DZs around the
penetrated edges, Adef for the 5 mass % is slightly lower than the neat PC thus suggesting
that either Adef is not a complete metric for assessing the extent of plastic deformation or
other mechanisms contribute to Ep*. Both radial crazes and DZs are observed for the 10
mass % Aroclor whereas only radial crazes are observed for the 15 mass % Aroclor thus
suggesting that there is a ductile-to- brittle transition around 10 mass % Aroclor. We note
that since crazing is a high localized failure mechanism, the use of Adef for quantifying the
size of the deformation region is rather difficult.
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Figure 5.3 | Deformed area. Deformed area (Adef) as a function of a) number average
molecular mass (Mn) of PC. The error bars represent standard deviation of at least three
measurements. b) Representative high strain rate mechanical behavior of bulk PC
specimens in compression. Data taken from Sarva and Boyce.10

The linear increase in Adef with Mn for the molecular mass PC series strongly
suggests that plastic deformation is enhanced with increasing molecular mass of the
polymer and this trend is shown in Fig. 5.3a. The specific puncture energy ranges from Ep*
= 0.79 MJ/kg ± 0.14 MJ/kg for 8.3K PC to Ep* = 1.65 MJ/kg ± 0.14 MJ/kg for 26.0K PC,
which is significantly larger than PS (Ep* = 0.54 MJ/kg ± 0.04 MJ/kg) of similar thickness
but having significantly higher molecular mass (Mn = 100 kg/mol.).
This trend can be explained with the aid of a high strain rate stress-strain curve for
bulk PC (Fig. 5.3b). The area under the stress-strain curve is a measure of the work of
fracture of a material. An increase in the work of fracture for materials with similar yield
strengths is attributed to the material’s ability to sustain a larger strain until catastrophic
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failure occurs. For PC that possess a low entanglement molecular mass Me, significant
plastic deformation occurs following yield when it first undergoes necking as the polymer
chains are being drawn and aligned ahead of the crack tip. This is followed by strain
stiffening due to physical chain entanglements that prevent further chain alignment. The
development of a strain hardening modulus, which scales with the entanglement density
(Gh ∼ νe ),11 is characteristic of strain stiffening. We interpret Ep* from LIPIT as a measure
of the work of fracture of the material. This implies that the extent of the drawing/strain
stiffening process of the PC film, i.e. strain at failure, largely determines the extent of
energy dissipation during puncture in LIPIT. The increase of Mn is known to increase the
propensity of PC to strain harden, and this effect is reflected by the increase in Ep*.
Turning our attention to the Aroclor PC series, it is well known that diluents such
as Aroclor embrittle PC and significantly reduce the strain to failure. This has an opposite
effect as increasing the propensity for strain hardening. The addition of Aroclor induces a
ductile-to-brittle transition. The shape of the stress-strain curve for the plasticized PC is
more consistent with a classic brittle fracture with little plastic deformation. The correlation
between plastic deformation and νe at high strain rates is also observed by the simulation
results of Hoy and Robbins that showed strain hardening is a result of an increase in plastic
deformation with e and νe.12 Since plastic deformation represents a significant portion of
Ep*, we use Bersted’s entanglement model13 to estimate νe for our materials,
𝜈Y = 𝑛i =

2𝜌B 𝑁½
𝑀/
Ë1 −
Í
3𝑀/
𝑀6

Where 𝑀/ ≈ 𝑀Y with 𝑀Y ≈ 1.8 𝑘𝑔/𝑚𝑜𝑙, corresponding to the entanglement molecular
mass for PC with 𝑀Y ⁄𝑀6 ≈ 8.8.14
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Figure 5.4 | Specific puncture energy (Ep*) vs. entanglement density (νe) for both the
molecular mass and the plasticized PC series. Also included is the result for PS. The error
bars represent standard deviation of at least three measurements.

Since 𝜌B and 𝑀Y for the plasticized PC series are not known, we approximate them
by assuming that the increase in Aroclor content leads to proportional changes to these
quantities, 𝜌B (𝑥) ≅ 𝑥B 𝜌B (0) + (1 − 𝑥)𝜌UT} and 𝑀Y (𝜙Y ) = 𝑀Y,ÀÖ ⁄𝜙B , where 𝑥B is the
mass fraction of PC, 𝜌B (0) is the density of the neat PC as listed in Table 1, 𝜌UT} =
1.57 𝑔/𝑐𝑚i is the density of Aroclor,15 and 𝜙B ≅ '𝑥B ⁄𝜌B -¿'𝑥B ⁄𝜌B + '1 − 𝑥B -⁄𝜌UT} - is
the volume fraction of PC. Fig.5.4 shows that Ep* is strongly correlated with νe for the
materials investigated thus suggesting that 𝐸B∗ ∝ 𝜈Y .
While Mn for PS is significantly higher than that of the molecular mass PC series,
the high Me (≅ 19.1 𝑘𝑔/𝑚𝑜𝑙) results in an extremely low νe. It is not surprising that PS
has the lowest Ep* given that polymers with low entanglement density (νe < 4´1025
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entanglements/m3) fail via crazing.5,16 Polymers with νe > 8´1025 entanglements/m3 are not
able to form voids and fibrillate and thus they fail via shear deformation,5 which is
exhibited by the molecular mass PC series. According to the entanglement density equation,
all of the polymers studied here have Mn that is well below the critical value (~50Me) where
νe reaches a plateau value, the increase in Mn will continue to raise νe and the associated
enhancement in Ep* due to increased plastic deformation.
The 5 mass % Aroclor samples fail via the formation of DZs. This result is
consistent with the entanglement density scaling since modest additions of Aroclor lead to
a proportional reduction in νe but not to the limit where crazing is observed. However, the
10 mass % and 15 mass % Aroclor samples appear to be inconsistent with this scaling as
the SEM micrographs show the formation of crazes as opposed to the expected DZs. Steger
et al. suggested that the incorporation of Aroclor can be viewed as inclusion of
flaws/defects into the homogeneous PC material that enhances strain localization.17 Based
on their argument, modest amounts of Aroclor (5 mass %) probably does not lead to the
formation of a significant number of these high localized voids and crazing is not observed.
However, larger amounts of plasticizer increases the density of these flaws/voids thereby
increasing the propensity for craze formation since σc << σy.
In summary, our results demonstrate the role of entanglement density in polymer
glasses on the energy dissipation in extremely high rate puncture events based on LIPIT.
This mechanism of energy dissipation is unique to polymers due to their viscoelastic nature.
This control is shown by the proportional change in the specific penetration energy with
entanglement density via 1) increasing the molecular mass of the polymer or 2) reducing
the plasticizer content that changes the size of deformation region as well as dictate the
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specific failure mechanism. One final point we would like to make is that adiabatic heating
can be substantial in LIPIT due to extensive shear deformation that leads to thermal
softening and increased plasticity. It was suggested that the temperature rise for PS can
reach as high as 400 °C.6,18 However, simulation results for PC shows that it is unique
compared to other polymer glasses in that adiabatic heating does not appear to contribute
significantly to the high rate mechanical behavior.19 This may also help to explain the
significantly higher Ep* values seen in PC compared with p PS since νe would be greatly
reduced with adiabatic heating. Additionally, secondary relaxations such as β relaxations
contribute significantly to the fracture toughness of PC at high testing rates as this
molecular relaxation becomes accessible at around room temperature when ∆ε/∆t > 102
s−1.10 Besides νe, other molecular parameters such as local chain stiffness that describes
cooperative rearrangement would need to be included to better describe the enhancement
in Ep* for PC and other polymer glasses in general. This is beyond the scope of the present
manuscript but we are currently developing measurement approaches that can quantify
these relaxations in LIPIT.

Supporting Information
Free standing polycarbonate (PC) thin films were prepared by spin coating
solutions of PC in 50/50 by mass mixtures of dichloromethane/toluene onto 2.54 cm × 2.54
cm glass substrates. Each film was then cut into 2 mm × 2 mm squares prior to floating on
water. Cutting into smaller sections ensures that there is not an excess of PC film draping
over sample holder, which is a transmission electron microscopy (TEM) grid (Ted Pella
PELCO Tabbed 100 mesh, Nickel). An individual square was then picked up from the
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water with a TEM grid and then dried off by placing the TEM grid onto a kimwipe. To
ensure that the PC film is adhered to the TEM grid, each sample was quickly solvent
annealed by exposing it to a co-solvent vapor mixture of (50/50 by mass)
dichloromethane/toluene for ≈ 2 s. These samples were then used without further
processing. The thickness (h) for each film was measured via optical profilometry (ZYGO
NewView 7300) using the portion of the PC or PS film that remained on the glass substrate.
The number (Mn) and weight (Mw) average molecular mass were determined via
Size Exclusion Chromatography (SEC). High temperature SEC was performed using a
Tosoh HT-Eco SEC instrument with differential refractive index detection. Narrow
dispersity PS standards were used for calibration (0.5 kg/mol ≤ Mp ≤ 350 kg/mol), and Mp
is the molecular mass of the highest peak. Calibration and data analysis was performed by
proprietary software from the instrument vendor. Runs were performed at 135 °C using
1,2,4-trichlorobenzene as the mobile phase.
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CHAPTER 6
EXTREME MECHANICAL BEHAVIOR OF NACRE-MIMETIC GRAPHENEOXIDE AND SILK NANOCOMPOSITES
Graphene, polystyrene, and polycarbonate membranes present different mechanical
behaviors under micro-ballistic impact in Chapter 3 – 5. Compared to the single component
system, nanocomposite is fairly complicated but more interesting. In this chapter, we
fabricate a graphene oxide and silk composite film and explore the dynamic responses as
a function of the volume fraction. The paper is published in W. Xie, S. Tadepalli, S. H.
Park, A. Kazemi-Moridani, Q. Jiang, S. Singamaneni, J.-H. Lee, "Extreme Mechanical
Behavior of Nacre-Mimetic Graphene-Oxide and Silk Nanocomposites". Nano Letters 18
(2), 987-993 (2018).
Abstract
Biological materials have the ability to withstand mechanical forces due to their
unique multilevel hierarchical structure. Here, we fabricated a nacre-mimetic
nanocomposite comprised of silk fibroin and graphene oxide that exhibits hybridized
dynamic responses arising from alternating high-contrast mechanical properties of the
components at the nanoscale. Dynamic mechanical behavior of these nanocomposites is
assessed through a micro-scale ballistic characterization using a 7.6 µm diameter silica
sphere moving at a speed of approximately 400 m/s. The volume fraction of graphene oxide
in these composites is systematically varied from 0 to 32 vol% to quantify the dynamic
effects correlating with the structural morphologies of the graphene oxide flakes. Specific
penetration energy of the films rapidly increases as the distribution of graphene oxide
flakes evolves from non-interacting, isolated sheets to a partially-overlapping continuous
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sheet. The specific penetration energy of the nanocomposite at the highest graphene oxide
content tested here is found to be significantly higher than that of Kevlar® fabrics and close
to that of pure multilayer graphene. This study evidently demonstrates that the
morphologies of nanoscale constituents and their interactions are critical to realize scalable
high-performance nanocomposites using typical nanomaterial constituents having finite
dimensions.
Introduction
Nanocomposites comprised of materials with distinct mechanical properties and
tailored interfaces between the components have received a wide attention over the last
two decades due to their synergistically improved properties compared to the individual
components. 1–3 Nanocomposites are promising for the development of lightweight ballistic
armor materials, where dissipation of a projectile’s massive kinetic energy with a limited
areal density (or mass per unit area) is required. In contrast to conventional structural
composites being used below a material’s yield strength, due to the extreme nature of
mechanical interactions between a high-speed projectile and an armor composite,
irreversible structural damage via dynamic failure processes including cracking,
fragmentation, shear, and delamination are generally accompanied.4 In this aspect, typical
composites that have micro- or larger scale material phases still tend to exhibit
characteristic failure mechanisms of individual constituent materials because a material’s
intrinsic failure mechanism is governed at the sub-micrometer scale. Therefore, in addition
to the superior load transfer efficiency, which is attributed to the large interfacial area
between phases,5 composites with nanoscale phases or nanocomposites exhibit a
hybridized failure mechanism for enhanced anti-ballistic performance.
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As a filler for nanocomposites, graphene oxide (GO) stands out among reinforcing
nanofiller materials due to its attractive characteristics, including high elastic modulus (250
GPa),6 low density,7 high water solubility, and good mechanical flexibility.8 As a matrix,
we employed silk fibroin (SF), a material that forms one of the toughest natural fibers, as
well as a good candidate for both a binder and matrix.9–12 Both components of the
nanocomposite are amphiphilic, GO comprised of hydrophobic graphitic and hydrophilic
oxidized functionalities; SF also contains both hydrophilic and hydrophobic domains.13
The complementary heterogeneity of GO and SF can maximize various non-covalent
interactions between the fillers and the matrix. The mechanical performance of materials
largely depends on the interactions at the interface, so maximizing the interfacial binding
is critical for achieving desired mechanical properties.13
Result and Discussion
GO-SF nanocomposite membranes were fabricated by a spin-assisted layer-bylayer (SA-LbL) assembly of GO and SF solutions (Fig. 6.1a). SA-LbL offers a precise
control over the composition, thickness of the individual components and the composite,
and a highly stratified structure along the thickness.14 Owing to the highly stratified nature
of the composites, SA-LbL has been extensively utilized for the fabrication of nacremimetic composites.15–17 In previous studies, the GO-SF composite membranes showed
promising mechanical properties (modulus of 145 GPa, ultimate stress of above 300 MPa,
toughness of above 2.2 MJ m-3) as a result of the formation of strong molecular interphase
zones.18–23 Dynamic SA-LbL assembly (170 GPa, 300 MPa, 3.4 MJ m-3) and water vapor
annealing (105 GPa, 460 MPa, 2.1 MJ m-3) were introduced to further improve the
mechanical characteristics of GO-SF.24,25 The combination of GO and SF forms a nacre-
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like “brick-and-mortar” arrangement,26,27 known for its remarkable strength and
toughness.28–31 A recent simulation study on multi-layer-graphene/poly(methyl
methacrylate) nanocomposites reveals two deformation and failure mechanisms, yielding
failure within graphene and pull-out failure along the interface.32,33 According to the
authors, there is more energy dissipation per layer through multi-layer-graphene yielding
than pull-out, implying that the staggered architecture is more critical in the mechanical
performance than the interfacial interaction strength.
Despite immense efforts dedicated to the design and fabrication of graphene-based
nanocomposites, their mechanical behavior is not studied under high strain rate (HSR),
especially at a deformation speeds comparable to supersonic muzzle velocities. Unlike
quasi-static conditions, in which load can be transferred through dynamic friction at
interfaces by relative sliding between sheets,32,33 HSR inelastic material behavior is
substantially different due to the wave propagation, inertia effect, and the adiabatic
process.34 Therefore, HSR mechanical characterization is of great significance for the
development of armor materials based on nanocomposites. Several techniques were used
to study material behavior at HSRs, such as dropweight machine,35 split Hopkinson
pressure bars,36 Taylor impact,37 and plate impact.38 However, as all these techniques
require a macroscopic sample and it is challenging to apply these HSR mechanical
characterization techniques to nanocomposites as shown in the scanning electron
micrograph (SEM) (Fig. 6.1b & Fig. 6.8). Thus, we have employed an advanced laserinduced projectile impact test (α-LIPIT) (Fig. 6.1c) to investigate the armor characteristics
of GO-SF nanocomposites membranes.39–41 The GO-SF membrane was transferred onto
an 80-mesh TEM grid (200 μm square hole). As a projectile, a single solid silica
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microsphere 𝐷=7.62±0.22 μm) was accelerated to approximately 400 m s-1 and penetrated
through a suspended GO-SF specimen (Fig. 6.1d & Fig. 6.7) in air. The positions of the
projectile were quantified using a multi-exposure ultrafast photograph, taken by 1 ps whitelight pulses with an inter-pulse interval of 200 ns (Fig. 6.1e).

Figure 6.1 | Illustration of specimen and a-LIPIT. a) Illustration of LbL assembled GOSF nanocomposite depicting the brick and mortar structure. b) SEM of a 150 nm thick GOSF film. c) Schematic illustration of the α-LIPIT experiment. d) A GO-SF film suspended
on a TEM grid. e) Penetration micrograph recorded by multiple exposures. The straight
fringes along the specimen holder are due to optical diffraction of illumination pulses.
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Before proceeding the mechanical characteristics of GO-SF nanocomposites at
HSRs, we investigated the structure and static mechanical properties of ultrathin
nanocomposites with a special attention to the interfacial interactions between the two
components. The nacre-like brick-and-mortar structure is known to be critical for the
excellent mechanical properties of GO-SF nanocomposites.25 It has been reported that the
formation of molecular interphase zones contributes to the reinforcing effect of GO
incorporated into SF matrix.22 We tuned the ionization state of SF chains by altering the
pH of the solution. Oxidized domains of GO, therefore, repel negatively charged SF chains
and push them towards the unoxidized hydrophobic domains, facilitating hydrophobic
interactions and load transfer between the matrix and filler. According to a previous study,
there are more random coils and less 𝛽-sheets at higher pH.42 These amorphous SF chains
act as linkers between 𝛽-sheet domains, leading to the larger shear strength. All these
factors contribute to the mechanical responses of GO-SF membranes at HSRs.
In a previous study, we have demonstrated that the interfacial interactions between
GO and SF are highly dependent on the pH of the SF solution during adsorption.42 Due to
the multi-domain and amphiphilic nature of SF, the adsorption of SF on GO is influenced
by the ionization state of the SF, which is governed by the pH of the solution. We fabricated
GO-SF films using SA-LbL assembly. The composite films were comprised of ten bilayers
of GO and SF. We adjusted the pH of the SF solution to pH 4, pH 7 and pH 10 during
deposition to probe the effect of pH on the elastic modulus of the composite films with a
GO content of 12.5 vol%. At pH 4, SF was positively charged resulting in favorable
electrostatic interactions between GO and SF. In contrast, at pH 10, SF was strongly
negatively charged resulting in hydrophobic interactions between GO and SF.42 Due to the
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pH-dependent GO-SF and inter-silk interactions, the thickness of SF was found to be
higher at pH 4 when compared to that at pH 7 (Fig. 6.2a). The thickness of GO/SF bilayer
at pH 10 was found to be ~5 nm, which agreed with the previously reported results, while
the thickness of the bilayer at pH 4 is ~7.5 nm.22 Representative AFM images of the
composite film (assembled at pH 10) revealed a uniform and dense coverage of GO flakes
with an RMS roughness of 3.1 ± 1.9 nm over a 1×1 µm area (Fig. 6.2b-2c).
In order to measure the static elastic modulus, we fabricated a free-standing GOSF composite film using polystyrene as a sacrificial layer (See Experimental Section for
details). The ability to freely-suspend the GO-SF film was demonstrated by transferring
the film onto a TEM grid with ~200 µm apertures. After transfer of the free-standing film
onto a compliant polydimethylsiloxane (PDMS) substrate, the elastic modulus of GO-SF
film was determined using strain-induced elastic buckling instability technique.43 Briefly,
a compressive stress above certain threshold on a compliant material with a stiff skin layer
results in spontaneous periodic buckling patterns in the film to minimize the strain
energy.44 The buckling wavelength is given by:45
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where 𝜆 is the wavelength of the periodic buckling pattern, 𝐸µ and 𝜈µ are the elastic
modulus and the Poisson’s ratio of the stiff skin layer, and 𝐸Û and 𝜈Û are the elastic modulus
and the Poisson’s ratio of the compliant substrate and 𝑡 is a thickness of the stiff skin layer.
Compression of the compliant PDMS substrate with GO-SF film on the surface
resulted in uniform buckling of the film (Fig. 6.2d). A fast Fourier transformation (FFT)
of the optical images was employed to determine the wavelength of the buckles to be 7.4
± 0.2 μm (inset of Fig. 6.2d). AFM imaging of the buckled surface further confirmed the
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periodicity of the buckling patterns and revealed amplitude of the buckles to be ~400 nm
(Fig. 6.2e). The corresponding elastic modulus of the GO-SF film varied with the pH of
the SF solution employed in LbL assembly. The elastic modulus of the GO-SF film
assembled at pH 4 was found to be 4.8 ± 0.6 GPa, while those of the GO-SF film assembled
at pH 7 and pH 10 were found to be 7.2 ± 0.3 GPa and 26.6 ± 0.3 GPa, respectively. As
reported in the previous study,42 the extent of β-sheet formation in GO-SF bilayered film
was higher when assembled at pH 4 compared to that at pH 10. However, the lower
modulus of the GO-SF bilayered film at pH 4 compared to that assembled at pH 10 can be
attributed to the absence of inter-silk repulsion at pH 4, resulting in clusters of SF on the
GO flakes resulting in non-uniform packing and poor interfacial interaction between GO
and SF (Fig. 6.10). The weak interfacial interactions between the SF and GO leads to poor
stress transfer from SF matrix to GO and partial slippage of the GO flakes under
compressive stress. Despite the lower β-sheet content in the GO-SF film assembled at pH
7 and pH 10, the SF chains uniformly distributed on the GO flakes and facilitated better
interfacial interactions and packing, thus enhancing the elastic modulus of the composite
film (Fig. 6.12). The vast majority of fibrillar structures observed in at pH 7 and 10 were
individual nanofibrils or limited multidomains, rather than bundles as usually observed for
longer adsorption on hydrophilic substrates.46 The absence of substantial aggregation and
self-folding is critically important for maximizing interfacial interactions among different
SF domains and GO surface.47
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Figure 6.2 | Thickness and moduli of the GO-SF composite films. (a) Thickness of the
GO-SF composite films as a function of number of bilayers fabricated using SF solutions
of different pH. (b) Representative AFM height image of the GO-SF composite film
surface. (c) Higher magnification AFM image of the composite structure. (d) Optical
micrograph of a buckled GO-SF film (pH 10). Inset showing a corresponding 1D-FFT
pattern of the micrograph. (e) AFM image of the buckled GO-SF composite film (pH 10)
on PDMS substrate under compression. (f) Elastic moduli of the GO-SF films fabricated
using SF solutions at different pH.

To further understand the static mechanical properties of the GO-SF composites,
we varied the GO content in the composite film by varying the concentration of GO used
in the SA-LbL process and by altering the number of bilayers used in the GO-SF composite
(See Experimental Details Section). Composite films with a GO content of 0 vol%, 8 vol%,
25 vol% and 32 vol% were achieved using SA-LbL process at pH 10. According to the
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morphology of the GO-SF composite, as the GO content increased, the roughness of the
composite also increased, which indicated that the GO flakes start impinging upon one
another at higher concentrations (Fig. 6.3a-3d). Increasing the GO content higher than 32
vol% in the composite resulted in a large overlap of the GO flakes and formation of GO
multilayers. Using FFT of the optical images, the buckling wavelength and the elastic
modulus of the GO-SF films were determined (Fig. 6.2e). We found that increasing the
GO content from 0 vol% to 32 vol% in the composite film resulted in an increase in the
elastic modulus from 4.1 ± 0.5 GPa to 76.8 ± 9.1 GPa.
The reported value of the elastic modulus of GO is 207.6 ± 23.4 GPa while the
elastic modulus of SF varies from 4 GPa to 22 GPa depending on the ratio of the random
coil to the β-sheet content.6,22 We modeled the elastic modulus of the GO-SF composites
using the Halpin-Tsai model that is widely used to estimate mechanical properties of
aligned linear-elastic orthotropic composites. The estimated elastic modulus according to
the Halpin-Tsai model is expressed by,48
𝐸´ = 𝐸Ü

(1 + 𝜂𝜉𝑉µ )
(1 − 𝜂𝑉µ )

𝐸
L𝐸 µ − 1O
𝜂= Ü
𝐸
L𝐸 µ + 𝜉O
Ü
where 𝐸´ , 𝐸µ and 𝐸Ü are the moduli of the composite, filler, and matrix,
respectively, and 𝑉µ is the volume fraction of the filler. 𝜉 is a shape parameter that depends
on the filler geometry, orientation, and loading direction, and is given by the following
equation48
𝜉=
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2𝑙µ
3𝑡µ

where 𝑙µ and 𝑡µ are the length and thickness of the GO flakes, respectively. The
elastic modulus estimated by the Halpin-Tsai model linearly increased with an increase in
the GO content. The experimentally-obtained elastic moduli of the GO-SF composites
agreed well with the theoretical values, predicted by the Halpin-Tsai model (Fig. 6.3f). The
highest elastic modulus of the GO-SF composite was found to be 76.8 ± 9.1 GPa despite
having ~70% SF in the matrix. The dense network of weak interactions (hydrogen bonding,
hydrophobic, and polar) between GO and SF are responsible for the synergistic
enhancement in the elastic modulus due to the reinforcing effect of GO-SF interfacial
interactions.
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Figure 6.3 | AFM images of the GO-SF composite films with different GO content. (a) 0
vol% (b) 8 vol% (c) 25 vol% (d) 32 vol%. (e) Optical micrograph of a buckled GO-SF
composite film on PDMS substrate. (f) Elastic moduli of the GO-SF films at different
volume fractions of GO in the composites.

To investigate the effects of GO-content on the anti-ballistic armor characteristics
of GO-SF nanocomposites, we tested the nanocomposite specimens, fabricated using SF
solution at pH 10 with different GO volume fractions: pure SF, 8 vol%, 25 vol%, and 32
vol%, corresponding to approximately 0 %, 50 %, 75 %, and 100 % areal coverage of GO
flakes, respectively (Fig. 6.11). Post-penetration optical micrographs showed a variation
of major fracture characteristics depending on the GO volume fraction (Fig. 6.4). The
penetration holes of pure SF showed the average diameter of 5.6 µm, closer to 𝐷, while
considerably smaller hole diameters (3.0 µm, 3.3 µm and 3.2 µm for 8 vol%, 25 vol% and
32 vol%) were created in all GO-SF composites. In addition, 25 vol% and 32 vol%
composites consistently displayed more irregular penetration perimeters. These distinctive
features support that the GO nanofiller enhances fracture toughness to a certain extent.
Interestingly, longer radial cracks (an average of 10.7 µm, 9.1 µm and 10.5 µm for 8 vol%,
25 vol% and 32 vol%) (Fig. 6.4b-4d) were frequently observed in all nanocomposites,
compared to the 2.9 µm of pure SF (Fig. 6.4a). One may understand that this is
contradictory to the enhanced fracture toughness. However, as the enhanced toughness can
delay the initiation of the radial cracks within the direct strike area, this delay can allow
radial stress waves to propagate farther prior to penetration. Moreover, since the higher GO
content also increases the effective propagation speed of the stress waves, a much wider
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region of the specimen can be under tensile stresses during the penetration event. Thus, we
consider that the enhanced toughness and the faster speed of stress waves led to the longer
radial cracks.

Figure 6.4 | Post-impact optical micrographs of 150 nm thick films with different GO
concentration. (a) 0 vol%, (b) 8 vol %, (c) 25 vol %, and (d) 32 vol %. SEM images of near
impact sites of nanocomposites membranes of (e) 0 vol% and (f) 32 vol% of GO
concentration.

Due to the extremely light mass of the projectile (𝑚 = 4.4 × 10z]i kg), we were
able to quantify instantaneous velocity, 𝑣(𝑡), and acceleration, 𝑎(𝑡), of the projectile, using
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the first and second derivative of the positions of a projectile, 𝑧(𝑡), respectively (Fig. 6.5a).
]

Thus, kinetic energy loss is defined by ∆𝐸® (𝑡) = N 𝑚[𝑣± (0)N − 𝑣° (𝑡)N ] , and the force
exerted to the projectile is 𝐹(𝑡) = 𝑚𝑎(𝑡). The sudden jump in the force plot is obviously
from the mechanical interaction between the specimen and the projectile, corresponding to
a rapid increase of ∆𝐸® . In addition, the deceleration of the projectile by air drag can be
clearly seen from the non-zero slope of ∆𝐸® prior and after penetration. Therefore, ∆𝐸® can
be decomposed by
]

∆𝐸® = N 𝑚(𝑣± N − 𝑣° N ) = 𝐸" + 𝐸Þ±°

(1)

where 𝐸" is the net energy needed to penetrate a nanocomposite specimen and 𝐸Þ±°
is energy loss due to the air drag. Besides the projectile, debris from the specimen
decelerated more significantly due to its lighter mass (Fig. 6.1e). As a simplified model,
we supposed that a fraction of 𝐸" was caused by the kinetic energy transfer to the debris
from the strike face area of a specimen (𝐴Û = 𝜋𝐷N /4). The rest of 𝐸" is related to other
delocalized dissipation mechanisms, which is denoted as 𝐸ß . Assuming an inelastic
collision to a thin membrane (𝐷 ≫ ℎ), 𝐸" is expressed by two terms:
𝐸" = (𝜌𝐴Û ℎ)

XàÚ
N

+ 𝐸ß

(2)

where 𝜌 is the density of the specimen and ℎ is the specimen thickness. When
introducing the specific penetration energy, 𝐸"∗ , defined by𝐸" (𝜌𝐴Û ℎ)z] , the characteristic
anti-ballistic performance of materials can be compared regardless of material’s areal
density and a projectile diameter.
𝐸"∗ =

XàÚ
N

+ 𝐸ß∗
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(3)

𝐸ß∗ is the specific delocalized penetration energy showing the capability of a
material to distribute the impact energy beyond the direct strike area while excluding
material-independent term, 𝑣±N /2, caused by the kinetic energy transfer to the material
within the direct strike area.40
For the films with thicknesses ranging from 80 nm to 150 nm, 𝐸"∗ values of different
GO-SF composites (Fig. 6.5b) were quantified from the slope of 𝐸" (ℎ) upon testing
specimens with two different thicknesses (see Fig. 6.9). Note that for each thickness, a total
of 10 independent micro-ballistic characterizations were performed and the error bar was
the standard deviation of linear fitting using the total 20 measured values of ∆𝐸® . The 𝐸"∗
value of pure SF is 0.42 MJ kg-1 while 8 vol% GO sample showed only a slight
improvement (< 5%) in the 𝐸"∗ values as the nanocomposite has silk as the major
component (92%) for load transfer. The 𝐸"∗ values of 25 vol% GO sample increases by
26%, compared to pure SF suggesting that the GO flakes significantly influence the load
transfer mechanism. 𝐸"∗ increased monotonically with higher GO-content, due to the
enhanced fracture toughness and faster propagation of stress waves. Unexpectedly, 𝐸"∗
revealed an onset of a new behavior between 25 and 32 vol%, which is distinguished from
the trend originated from the stochastic nature of GO-SF composite morphology. We
believe that the onset of the transition is due to the complete coverage of GO flakes
resulting in overlapped GO flakes rather than being isolated from other GO flakes. Due to
the partially-overlapping GO flakes, radial stress waves can propagate significantly farther
through the composite since the in-plane speed of sound of GO flakes can be considerably
faster than that of SF due to higher Young’s modulus of GO (𝐸èé ~207.6 GPa,6 than that
of SF (𝐸ëì ~4.1 GPa), where the speeds of sound is proportional to √𝐸. Therefore, the
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abrupt increase at 100% areal coverage can be accredited to the impact energy
delocalization by the elastic wave propagation through the connected GO flakes.49

Figure 6.5 | Specific penetration energy. a) Force and kinetic energy loss during the
penetration process. b) Specific penetration energy of GO-SF composites with different
GO volume fraction. c) Specific penetration energy of GO-SF composites compared with
several other materials.
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𝐸ß∗ , the difference between 𝐸"∗ and 𝑣±N /2, indicates how efficiently the material can
dissipate penetration energy through the delocalization process along the in-plane direction.
Because this redirection of energy flow from the normal to tangential direction is highly
desired in an armor to achieve the same anti-ballistic performance with less material, 𝐸"∗ of
pure SF and GO-SF composites were compared with other microscopic and macroscopic
materials from previous literature (Fig. 6.5c).40 Note that the chart is intended to provide
the current status of nanomaterials’ performance at the micro-scale in comparison to the
performance of macroscopic materials although the quantitative correspondence between
microscopic and macroscopic ballistic results may need a more comprehensive
investigation. The three lower concentration materials displayed anti-ballistic
characteristics similar to Kevlar®, a very popular armor material, and superior over ductile
metals (aluminum and steel) and amorphous glassy polymer (Plexiglas®). Note that the
performance of Kevlar®, aluminum, steel and Plexglas® were quantified from the
macroscopic ballistic testing.50 The outstanding behavior of SF films is attributed to the
crystalline b-sheets to be the reinforcement fillers in an amorphous matrix and also the
physical crosslinks.11 By virtue of the 2D infinite sheet-like morphology of GO flakes, the
32 vol% nanocomposite considerably outperformed Kevlar®, while not completely
reaching the extrapolated value of single crystal multilayer graphene. This means that
nanocomposites based on a finite size of GO flakes would potentially reach the antiballistic performance of the single crystal multilayer graphene through further interfacial
optimization. Such optimization of spatial distribution of the filler and the interfacial
interaction is completely plausible and paves a way forward for scaling up the
nanocomposites.
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To summarize, millimeter scale GO-SF nanocomposites were fabricated by SALbL assembly. The nanoscale structure, interfacial interactions between the components
and elastic modulus of the composite film was found to be highly dependent on the pH of
the SF solution employed in the SA-LbL assembly process. Microscopic ballistic
characterization was conducted using high-velocity penetration of micro-sized projectiles
through the nanocomposite films with different volume fractions of GO. Apart from the
highly attractive features of GO-SF nacre-mimetic composites, such as layered architecture,
precise control of thickness and spatial distribution of individual components, concerted
hydrogen bonding, polar-polar, and hydrophobic-hydrophobic interactions at the interface
of GO and SF layers, our study strongly suggests that the nanoscale continuity of GO phase
plays a critical role in the development of 2D nanomaterial-based composite armors.
Therefore, the development of nanocomposite armors ought to be perused through the
optimization of nanoscale morphologies and interactions of constituents with
comprehensive HSR characterization. This work establishes a framework for HSR
characterization of numerous nanocomposites that can be realized with natural and
synthetic matrix and filler materials.
Supporting Information
Materials: Sodium carbonate, lithium bromide, polystyrene (Mw = 192,000),
toluene, acetone, methanol, sodium borohydride, cetyltrimethylammonium bromide, gold
chloride trihydrate, silver nitrate, ascorbic acid, and hydrochloride acid solution (1 M) were
obtained from Sigma-Aldrich.

Dialysis tubing (MWCO 3500) was purchased from

Thermo Scientific. Silk cocoons were purchased from Mulberry firms.
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Preparation of graphene oxide flakes: Graphene oxide (GO) was synthesized using
a method reported by Tour and co-workers.51 Briefly, H2SO4/H3PO4 (360 mL: 40 mL) was
added to a mixture of graphite flakes (3 g) and KMnO4 (18 g). The above solution was
then heated up to 50 ° C and stirred overnight. Subsequently, the solution was cooled to
room temperature and transferred to a glass beaker with ~ 400 mL ice and Hydrogen
peroxide (3 mL, 30 %). The graphene oxide was purified using a sieve (W.S. Tyler, 300
µm) and followed by washing using centrifuge (5000 rpm, 1 h by water and ethanol).
We characterized the geometry of the GO flakes using AFM as shown in Figure
6.6. The average size (lateral dimension) of the GO flakes was found to be ranging from 23 µm and the thickness was found to be 1 ± 0.2 nm.

Figure 6.6 | AFM image of GO flakes used for the design of GO-Silk nanocomposites
Preparation of silk fibroin: Silk fibroin (SF) was obtained from Bombyx mori
silkworm cocoons as previously reported.52 Briefly, cocoons were boiled for 30 min in an
aqueous solution of sodium carbonate (Na2CO3 , 20 mM) aqueous solution and then rinsed
thoroughly with nanopure water (18.2 MΩ-cm) to remove sericin proteins. The extracted
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silk fibroin was dissolved in lithium bromide (LiBr, 9.3 M) solution at 60 °C for 4 hours.
The solution was dialyzed against Nanopure water at a room temperature for 2 days to
remove the LiBr. The dialysate was centrifuged twice at 4 °C at 9,000 rpm for 10 minutes,
to remove impurities and the aggregates that occurred during dialysis. The dialysate
solution was kept in a 4 °C refrigerator for storage prior to use.
Fabrication of GO-SF composite films: For the fabrication of free-standing SF film,
the sacrificial polystyrene layer was deposited on the piranha-cleaned silicon substrate by
spin coating of 2 % (w/v) polystyrene dissolved in toluene at 3,000 rpm for 30 seconds.
Alternate layers of GO (0.02 %, 0.03 %, and 0.04 %) and SF (0.2 %) were used to obtain
GO-SF composites with 8 %, 25 %, and 32 % volume fraction of GO, respectively. In order
to release the film, the substrate was immersed in toluene to dissolve the sacrificial
polystyrene film. After releasing the film from the substrate, the film was transferred to
water and subsequently to poly(dimethyl siloxane) substrate or TEM grids for further
characterization.

Figure 6.7 | Optical microscopic image of a GO-SF film transferred on a TEM grid
Cross-sectional SEM of layer-by-layer GO-SF nanostructure. The membrane was
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embedded in epoxy after sputter-deposition of 10 nm Au on both sides. Then, the
embedded sample was cryofractured in liquid nitrogen for brittle fracture.

Figure 6.8 | Cross-sectional SEM of a GO-SF membrane with a GO content of 25 vol%
Atomic force microscopy: Atomic Force Microscope (AFM) images were obtained
using Dimension 3000 (Bruker) in light tapping mode. A V-shaped silicon cantilever with
AFM tips (Micromash) with a nominal tip radius of 8nm were used for imaging the samples.
Buckling test: For the buckling test, the GO-silk films transferred on a
poly(dimethylsiloxane) (PDMS) substrate (2 cm × 1 cm × 1 cm), and a compressive force
was exerted. The buckled films were characterized using Leica optical microscope (DM
4000M) with a 20X objective. Fourier transformations of the optical images were done
using ImageJ software to estimate the buckling wavelength.
Specific penetration energy:
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Figure 6.9 | Original (a) and vertically-shifted (b) kinetic energy loss of the projectile
versus GO-SF membrane thickness.

The specific penetration energy, 𝐸B ∗ , defined by 𝐸B (𝜌𝐴§ ℎ)z] , is introduced to
characterize the anti-ballistic performance of materials regardless of material’s areal
density and a projectile diameter. 𝐸B ∗ values were obtained from the fitted slopes of 𝐸B vs.
ℎ based on the following equations.
]

]

∆𝐸8 = N 𝑚𝑣2 N − N 𝑚𝑣T N = 𝐸B + 𝐸U2T
∆𝐸8 = '𝐸B ∗ ∙ 𝜌𝐴§ - ∙ ℎ + 𝐸U2T

(1)
(2)

where ℎ is the specimen thickness, measured by AFM; 𝜌 is the density of the
specimen, calculated from the volume fractions of GO (𝑉D] ) and SF (𝑉DN ) with 𝜌íî 𝑉D] +
𝜌§ï 𝑉DN ; 𝐴§ is the strike face area of a specimen, equivalent to 𝜋𝐷N ⁄4, in which D is the
diameter of the projectile. From Equ. (2), the slope of ∆𝐸8 𝑣𝑠. ℎ equals 𝐸B ∗ ∙ 𝜌𝐴§ , so 𝐸B ∗ =
𝑆𝑙𝑜𝑝𝑒⁄𝜌𝐴§ . Films of two different thicknesses were measured for each concentration for
linear fitting to get the slope values (Fig. 6.9a). After the linear fitting, we shifted all the
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plots along the y-axis to make their y-intercepts zero to clarify the difference of the slopes
(Fig. 6.9b). The original y-intercept values of 0, 8, 25, and 32 vol% plots were -0.846 nJ,
0.736 nJ, -0.621 nJ, and -1.580 nJ, respectively, and were approximately within the range
of error bars. The primary source of the errors may be the fluctuating energy dissipation of
the projectiles, caused by air friction.
Effects of processing conditions:

Figure 6.10 | AFM image of silk fibroin adsorbed on GO flakes at (a) pH 4 and (b) pH 7

Figure 6.11 | AFM images showing areal coverage of GO flakes on silk fibroin at different
volume fractions.
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Figure 6.12 | AFM image of GO-SF composite with 25% GO content assembled at pH 10.

Volume
Fraction

Volume
Fraction

Modulus

Modulus

GO

Silk

GO

Silk

Estimated
Modulus

Vf1

Vf2

Ef

Em

Ef/Em

ξ

η

(1+ηξVf)

(1-ηVf)

Ec

0.00

100.00

200.00

4.00

50.00

1333.33

0.04

1.00

1.00

4.00

0.68

99.32

200.00

4.00

50.00

1333.33

0.04

1.32

1.00

5.29

7.72

92.28

200.00

4.00

50.00

1333.33

0.04

4.65

1.00

18.64

24.83

75.17

200.00

4.00

50.00

1333.33

0.04

12.73

0.99

51.35

31.73

68.27

200.00

4.00

50.00

1333.33

0.04

15.99

0.99

64.68

Table 6.1 | GO-SF composite detailed sample information
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CHAPTER 7
DYNAMICS AND EXTREME PLASTICITY OF METALLIC
MICROPARTICLES IN SUPERSONIC COLLISIONS
Besides one-dimensional micro-fiber and two-dimensional membrane, we also
explored the deformation of zero-dimensional (0D) particle and three-dimensional (3D)
semi-infinite sample. The paper is published in W. Xie, A. Alizade-Dehkharghani, Q. Chen,
V. K. Champagne, X. Wang, A. T. Nardi, S. Kooi, S. Müftü, J.-H. Lee, "Dynamics and
Extreme Plasticity of Metallic Microparticles in Supersonic Collisions". Scientific Reports
7 (1), 5073 (2017).
Abstract
Metallic microparticles can acquire remarkable nanoscale morphologies after
experiencing high velocity collisions, but materials science regarding the extreme events
has been limited due to a lack of controlled experiments. In this work, collision dynamics
and nonlinear material characteristics of aluminum microparticles are investigated through
precise single particle collisions with two distinctive substrates, sapphire and aluminum,
across a broad range of collision velocities, from 50 to 1,100 m/s. An empirical constitutive
model is calibrated based on the experimental results, and is used to investigate the
mechanics of particle deformation history. Real-time and post-impact characterizations, as
well as model based simulations, show that significant material flow occurs during the
impact, especially with the sapphire substrate. A material instability stemming from
plasticity-induced heating is identified. The presented methodology, based on the use of
controlled single particle impact data and constitutive models, provides an innovative
approach for the prediction of extreme material behavior.
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Introduction
High-velocity impacts of microparticles often occur in either natural or artificial
environments. While sand, ice particles, and minute space debris produce destructive
effects on wind turbines,1 aircraft,2 and spacecraft,3 in certain manufacturing methods, such
as shot peening,4 sand blasting,5 and fluid-jet polishing,6 speeding microparticles create
beneficial properties on the impacted surface of substrate by virtue of impact-induced
extreme conditions. Although the impacting microparticles are generally discarded after
the engineering processes, in an emerging additive manufacturing method, cold spray (CS),
supersonically accelerated metal microparticles are consolidated through extreme plastic
deformation.7,8 Therefore, particles’ material characteristics attained from the extreme
collision event essentially govern the performance of the final macroscopic object.
Moreover, as this solid-state consolidation process is typically completed in a very short
temporal scale (~10-8 s), even nanoscale morphologies of metals can be preserved without
significant recrystallization. This aspect is particularly advantageous when nanoscale
grains with a large gradient are needed. Indeed, Thevamaran et al. recently discovered an
extreme gradient nanograined morphology within silver microparticles deformed by
supersonic collisions,9 which is promising for the realization of hard metals with sufficient
ductility.10-12 Therefore, materials engineering using the localized extreme mechanical
events can allow us an unconventional metallurgical method to precisely control nanoscale
morphologies of bulk metals.
Despite the growing interest of CS as an additive manufacturing method for metals,
the materials science underlying the extreme microscopic events in general has not been
explicitly understood, primarily because the material response is in a nonlinear, non-
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equilibrium, and high strain-rate (HSR) regime. There have been a number of experimental
CS studies, including single particle impacts and consolidation.13-15 However, when the
particles are accelerated through a CS system, which is developed for bulk processing,
individual particle’s impact velocity, mass, temperature, and shape can only be marginally
estimated with various statistical errors. Thus, systematic investigation of the effects of
these variables has been limited. Meanwhile, computational modeling has been dedicated
to exploring this extreme collision event at various spatial scales,16-20 providing many
insightful results including the predictions of adiabatic shear instability15 and localized
melting.14,15 Regardless of the technical maturity of the computational modeling, however,
the persistent open question has been the calibration and validation of the numerical
modeling using accurate, repeatable, and systematically obtained experimental reference
data, which was produced in the same environments. Consequently, precise understanding
of the extreme plastic deformation of metals will be challenging without an experimental
breakthrough dealing with the extremely fast mechanical event at the microscale with an
extraordinary HSR on the order of 106 – 108 s-1.
Results and Discussion
Our study is primarily focused on the polycrystalline aluminum 6061 alloy (Al),
which is composed of 97.5% aluminum and other traceable elements,21 and is universally
used. Its HSR material characteristics differ from pure aluminum.22 In order to achieve a
highly-controlled microscopic single particle collision event, advanced laser induced
projectile impact test (α-LIPIT)23 parameters are introduced (Fig. 7.1a) to accelerate Al
particles. Due to Al particles’ size distribution (19.3±5.3 µm), the diameter (𝐷f ) of every
single Al-particle is measured prior to α-LIPIT, using a long-working-distance optical
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microscope. The particle is subsequently accelerated by the rapid expanding motion of an
80 µm thick elastomeric film made of cross-linked polydimethylsiloxane (PDMS). The Alparticle can be accelerated to velocities of up to 1,100 m/s without any noticeable laser
damage and its impact velocity (𝑣± ) and impact angle (𝜃± ) with respect to the surface normal
direction of a target substrate are quantified using a multiple-exposure photograph (Fig.
7.1b) taken during the Al-particle’s flight using ultrafast white light pulses. In the
acceleration stage of the Al-particle, since the elastomer film is largely compressed by the
Al-particles, the film often causes contamination of PDMS on the surface of the Al-particle
particularly when vi is greater than 800 m/s. Therefore, each particle is checked for PDMS
contamination using scanning electron microscopy (SEM). Two distinctive target
substrates, sapphire (G=148 GPa)24 and Al (G = 26 GPa),24 are employed for simplified
and realistic collision environments, respectively, where G is the shear modulus.

Figure 7.1 | The single aluminum particle impact experiments. a, scheme of the laserinduced single particle impact experiment. b, 25-times exposure photograph of a colliding
and rebounding Al-particle with a 603 ns interval at 1.2 µs after an ablation laser pulse.
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This inset is a magnified image showing a change of the Al-particle’s shape and a rotational
motion of 75,800 revolutions per second.

An Al-particle collision on a sapphire surface (Al-Sap) provides a near-ideal
experimental environment for the HSR study of Al-particles without the complex substrate
effects, as most plastic deformation occurs in the particle while the substrate remains
virtually intact. A total of 63 valid particle collision events are attained over a broad range
of 𝑣± (50 –950 m/s). The specific diameter change (𝛥𝐷/𝐷f ) due to the plastic deformation
is linearly proportional to the impact velocities in the range of investigated velocities,
where 𝛥𝐷 is the change of diameter along the impact direction (Fig. 7.2a). 𝐷f does not
significantly affect this linear trend. An aggregate strain rate of 6.6´107 s-1 is estimated,
using 𝜀̇ ≅ 𝑣± /∆𝐷, where 𝛥𝐷 is given by the relationship, 0.76 × 10zi 𝑣± 𝐷f , in Fig. 7.2a.
Particle impact is modeled by using three-dimensional large-deformation continuum
mechanics with strain-rate dependent and isotropic plasticity. Material heating due to
plastic deformation,25 the effects of temperature on material properties, and the subsequent
heat transfer within the material are included in the model. Continuum damage mechanics26
is used to account for possible material failure due to accumulation of excessive plastic
strain in the material. The interface separation following impact was modeled as a dynamic
fracture mechanics problem, by using the cohesive zone modeling.27 Since the flow (yield)
stress of Al, 𝜎õ , is a strong function of a strain rate, especially when it is greater than 600
s-1,28 a constitutive Johnson-Cook (JC) model that accounts for strain rate hardening is
used in continuum mechanics based simulations of the impact with the finite element (FE)
simulation software ABAQUS®. Moreover, a bilinear version of the JC flow stress model
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that reflects the change in flow stress response is used (Table 7.1).29 The JC model
parameters are optimized to match the deformed particle shapes in Al-Sap. The trend of
deformed shapes is displayed in Fig. 7.2b (see Fig. 7.7 for additional cases). All of the
collision events are highly inelastic and 85% or more of initial kinetic energy is dissipated
through the collision (Fig. 7.2c). Rebound velocities linearly increase until 𝑣± reaches 120
m/s and then fluctuate without a distinctive trend. This is the velocity (𝑣ö÷ ) where the entire
material in the particle experiences plastic deformation (Fig. 7.10). The coefficient of
restitution, 𝐶° , a ratio between 𝑣° and 𝑣± , reveals another transition point (𝑣öë ) near 500
m/s (Fig. 7.2d) as 𝑣° starts to increase at 𝑣öë . This transition, also reproduced in the FE
simulation using the calibrated JC parameters, is discussed below.

Figure 7.2 | The in situ and postmortem characteristics of aluminum particles. a, the
specific change of diameter (ΔD/D0) depending on impact velocities is plotted with a linear

152

fitting line. b, Five representative SEM images and outlines of numerically-simulated
deformed particles (red dashed lines). c, rebound velocity of aluminum particles in Alsapphire collision. d, coefficient of restitution of aluminum particles in Al-Sap collision
with FE simulation results for 19µm diameter particles.

The Al-particles that impact below 530 m/s maintain their initial spherical shape
above the contact region but the Al-particles that impact at 660 m/s or higher evidently
display a globally flattened shape in Fig. 7.2b. To observe the differences in
microstructural changes between the two Al-particles deformed 530 m/s (Fig. 7.3a) and
660 m/s (Fig. 7.3d), cross sectional studies are carried out using xenon plasma focused ion
beam (FIB) milling. The cross-sectioned plane of the 530 m/s particle is additionally etched
by brief FIB milling to enhance the contrast of grain boundaries (GBs) (Fig. 7.3b). The
equiaxed grains in the top region indicate that the top region is insignificantly deformed in
contrast to the region near the bottom collision face. The electron backscatter diffraction
(EBSD) map of the cross sectional plane can visualize residual strain fields within each
grain, as well as overall crystallographic information. The crystallographic orientations
within a single domain are mainly consistent with limited variation from the primary
orientation (Fig. 7.3c). Note that the unidentified crystallographic orientations at the
flattened bottom face, in contrast to the highly confident ones near the top surface, imply
that the intrinsic aluminum lattices are too severely distorted to be identified. Compared to
the 530 m/s particle, the 660 m/s particle shows a radical change in deformation
characteristics, where almost all grains are largely flattened (Fig. 7.3e). Electron
channeling contrast (ECC) arising from crystallographic orientations reveals viscous-fluid-
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like features crossing over GBs (Fig. 7.3f). For the collision at 𝑣± exceeding 550 m/s, we
believe that a significant portion of the volume of the Al-particle experienced an extreme
pressure higher than 𝜎õ and this results in the structural collapse inducing a hydrodynamic
state without considerable resistance to shear.

Figure 7.3 | Extreme plastic deformation of particles after collision to sapphire surface. a,
SEM image of the Al-particle deformed by 530 m/s collision to sapphire. b, contrastenhanced SEM image after FIB cross section. c, EBSD map of the cross sectional plane in
the standard stereographic triangle. d, side-view SEM image of the Al-particle deformed
by 660 m/s collision to sapphire e, contrast-enhanced SEM image to show ECC. f, A
magnified view of the Al-particle with identified GBs in blue dashed lines.

A unique window into the material behavior during deformation is attained by the
continuum mechanics simulations of the particle collision. Determination of the model
properties for a modified version of the JC model has been the key to provide the
description of material behavior in HSR deformation. The simulated deformation and 𝜎õ
history of the 550 m/s impact of a 19 µm-diameter spherical particle with a sapphire
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substrate is shown in Fig. 7.4a, where the points P2 and P3 are the time-dependent positions
of the selected initial position P1. During the initial stage of collision, the shock wave
propagates at the speed of sound and following HSR deformation rapidly increases the 𝜎õ .
As a result, the local material at P1 experiences a substantial increase in 𝜎õ from 270 MPa
to ~500 MPa in the first ~7 ns of collision (P2), followed by an abrupt drop (P3) entering
the instability zone. Excessive plastic deformation occurs in the instability zone due to a
rapid heating in the material, which subsequently causes 𝜎õ to drop drastically. As a result,
the plastic strain accumulates to very high levels (> 3) that cause the material to fail. The
𝜎õ histories of other initial material zones are plotted for different 𝑣± in Fig. 7.9. For the
overall characteristics of the HSR deformation, the time-derivative of 𝜎õ at every volume
element was monitored and the volume fractions of the particle were quantified as a
function of the time derivatives. The volume fraction plot for the positive time-derivatives
in Fig. 7.4b clearly displays that particle’s deformation characteristics are overwhelmingly
affected by the material hardening due to large strains and strain rates. For example, more
than 90% of the particle’s volume experiences the rapid increase of 𝜎õ (𝑑𝜎õ ⁄𝑑𝑡 > 50
MPa/ns) for 𝑣± > 300 m/s. In addition, a rapid decrease of 𝜎õ (𝑑𝜎õ ⁄𝑑𝑡 < -50 MPa/ns)
corresponding to the material instability is also found for 𝑣± > 480 m/s (Fig. 7.4c), which
is correlated with the increase of 𝑣° for 𝑣± > 𝑣öë in the trend of 𝐶° (Fig. 7.2d). For 𝑣± > 𝑣öë ,
at least part of the particle’s volume (regions-1 and -2 in Fig. 7.9) experiences fluid like
behavior. As a result, we think that, the rate of plastic deformation in the remaining solid
is reduced giving the particle more energy to rebound. We also note that the contact area
increases due to observed spreading, and also more energy must be stored in the substrate
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with increasing 𝑣± . The combination of these effects is believed to be responsible for the
observed behavior of 𝐶° .

Figure 7.4 | Computed time history of a 19 µm-diameter, spherical Al-particle impacting
the sapphire surface. a, axi-symmetric 𝜎õ distribution at a half middle plane of the particle
colliding at 550 m/s for first 30 ns of deformation. The history of 𝜎õ on the center contact
line along the x-axis is shown on the bottom plane. b, the volume fraction of material
experiencing positive time-derivatives of 𝜎õ as a function of 𝑣± . c, the volume fraction of
material experiencing negative time-derivatives of 𝜎õ as a function of 𝑣± .
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Collisions of Al-particle on Al-substrate (Al-Al) are also studied both
experimentally and theoretically in the 𝑣± range of 50 – 1,000 m/s (Fig. 7.5a). In contrast
to Al-Sap, the Al-substrate dissipates the energy in plastic deformation, but also provides
elastic relaxation. Therefore, 𝑣ö÷ is higher (~200 m/s) than that of Al-Sap due to
deformation of the Al-substrate. 𝑣° (𝑣± = 𝑣ö÷ ) settles to ~30 m/s due to additional elastic
relaxation of Al-substrate. The overall trend of 𝐶° in Al-Al (Fig. 7.5b) is similar to that of
Al-Sap; however, the transition ( 𝑣öë ~ 600 m/s) is less distinctive compared to the
transition in Al-Sap because the deformation of Al substrate reduces the strain rate effects.
Above 𝑣ö÷ and until 𝑣± approaches 𝑣öë , the slope of 𝑣° is approximately zero or slightly
negative, implying that HSR plastic deformation is capable of absorbing increasing kinetic
energy in this range. As we observed in Al-Sap, 𝑣° starts to grow again, which indicates
the onset of material softening and then, abruptly becomes zero. This new transition defines
a critical velocity (𝑣´ ), 840±10 m/s, determined by the lowest vi of bonded Al-particles and
the highest 𝑣± of rebounding Al-particles. Using the average 𝑣° (38.5 m/s) and 𝐷f (19.8 µm)
near 𝑣´ , approximately 8.1 nJ of energy was suddenly dissipated and this additional
dissipation mechanism is related to the bonded state. The dissipated energy per contact area
at 𝑣´ is estimated to be 21 J/m2. This includes contributions from both cohesive interfacial
energy of aluminum, plastic and elastic deformations (in the substrate) and possible melting
of a thin layer of material in the interface. The cohesive interfacial energy of aluminum is
on the order of ~1 J/m2.30,31 Therefore, the observed discrete transition of 𝑣° cannot be
attributed to cohesion alone, and first-order transition of Al or melting could be
contributing to the observed drop in energy when bonding occurs. Since the dissipated
energy of 8.1 nJ is significantly less than the energy (4.4 µJ) required to melt the entire
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volume of the Al-particle, interfacial melting very localized to the interfacial surface should
be considered. Simulations of the Al-Al collisions considering the possibility of cohesion
are performed using cohesive zone modeling with ABAQUS® (Fig. 7.5b). The same
optimized JC material model parameters are used for both the particle and the substrate.
However, there is a need to take into account the Al-substrate’s HSR behavior separately.
Unlike the Al-Sap case, no evidence of material instability is observed. The smallest
element volume used in the analysis, (19/25)3 µm3, could be too large to capture the
instability that leads to melting of a very small volume. Nevertheless, by using cohesion
energy of 0.5 J/m2 and maximum tensile stress of 300 MPa, the critical velocity 𝑣´ of 840
m/s is predicted.

Figure 7.5 | The real-time dynamic characteristics of Al-particles impacting Al-surface. a,
rebound velocity of aluminum particles in Al-Al collision. b, coefficient of restitution of
aluminum particles in Al-Al collision with FE simulation results for 19µm diameter
particles.

For the systematic 𝑣± -dependent changes of Al-particles and Al-substrates, Fig. 7.6
shows the post-impact cross sectional SEM images for four different 𝑣± , 800, 900, 1,000,
and 1,130 m/s. In contrast to the circumferential region of the crater (Fig. 7.6a), one notable
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difference in the bonding events are the sharply extruded edges (Fig. 7.6b, 7.6c, and 7.6d).
Similar observation is also reported in copper to copper collisions.14 In conjunction with
the abrupt transition of 𝑣° in Fig. 7.5a, these extruded features of the edges also support
the possibility of interfacial instability. As 𝑣± becomes higher, in a very confined region of
the interface, Al flows much more easily than the rest of the system in a process known as
material jetting.16 This jetting feature is dominantly observed on the substrate side. Because
this extruded feature has always been observed when 𝑣± is larger than 𝑣´ , we believe that
the material instability in the interface is crucial for the bonding. ECC in the cross sectional
SEM images (Fig. 7.6f-6h) reveals extensively distorted grains, both in particles and
substrates. In the 900 m/s collision, barely above 𝑣´ , the top part of the Al-particle
maintained a spherical shape and less variation in the ECC than the bottom region (Fig.
7.6f). As 𝑣± is increased to 1,000 m/s, the entirety of the grains of the particle showed rapid
variation in ECC due to extensive shear deformation through the entire volume (Fig. 7.6g).
For a 1,130 m/s impact, the particle was further flattened and the plastic flow of materials
at the tip of the particle’s edge was completely opposite to the impact direction (Fig. 7.6h).
Although entire GBs were not identified, the deformed grains, which were initially
equiaxed, obviously demonstrate the directions of the local plastic flows, as well as the
degree of plastic deformation for the different 𝑣± . EBSD mapping of the Al-Al event for
960 m/s was performed to observe the crystallographic information of internal structures
of the deformed particles. The cross sectional SEM image shows that entire grains are
highly compressed and flattened (Fig. 7.6i). As seen in the EBSD image of the Al-Sap
sample at 530 m/s (Fig. 7.3c), the crystallographic information of individual grains can be
identified. However, crystallographic identification of the bonded particle (Fig. 7.6j) is
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very challenging although the local Kikuchi bands32 are sufficiently clear. This indicates
that the EBSD patterns are not matched with the intrinsic aluminum diffraction patterns,
due to extremely distorted atomic lattices arising from complex shear deformations and
residual stresses at a scale finer than the spatial resolution of EBSD (~50 nm). The EBSD
image also reveals that the bonded particles collided mainly on a single grain of the target
substrate, Grain-B, which was aligned close to the (111) plane, and created a large degree
of plastic deformation. V-shaped bands (indicated by the arrows in Fig. 7.6j) of the
substrate near the impact center show lattice rotation near GBs under the vertical shock
loading.33,34 Since the contrast in the image quality (IQ) map (Fig. 7.6k) constructed from
EBSD data is sensitive to local microstructures including phases, strains, and GBs,32 lower
IQ values indicate more extreme deformation of lattices. Indeed, the IQ map showed the
highest degree of deformation throughout the entire Al-particle, which also agrees with the
observation in Fig. 7.6g and 7.6h. As the bottom right edge of the Al-particle is imbedded
below the Al-substrate surface, vertical compression, subsequently followed by lateral
compression, results in the highest degree of local deformation within the region. The
residual deformation of Al-substrate is relatively lower, and is limited by two GBs and ionrich intermetallic precipitates (indicated by the arrows in Fig. 7.6i) in Grain-B, while
leaving accumulated strains on the GBs and the precipitates in the IQ map.
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Figure 7.6 | The cross-sectional study of aluminum particles collided on aluminum. a-d,
Same-magnification SEM images after 800, 900, 1,000, and 1,130 m/s impacts to Alsubstrate. PDMS residues are present on the top surface of each Al-particle. e-h, Contrastenhanced cross-sectional SEM images of the impact samples in a-d. with identified GBs
in blue lines. Each image is scaled to make D0 the same length. Corresponding original
SEM images are shown in Fig. 7.8. i, A cross sectional SEM image of an Al-particle after
a 960 m/s impact to an aluminum surface with θi of 0.6˚. j, EBSD orientation map of the
deformed particle and substrate in the standard stereographic triangle. k, IQ map of the
diffraction patterns.

In summary, we have demonstrated highly-controlled single Al micro-particle
collisions in the extensive range of impact velocities, from 50 to 1,100 m/s. The
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substantially improved accuracy of numerical simulations using the material parameters,
calibrated by the 𝑣± -dependent post-impact dimensions of particles, is confirmed by the
excellent agreement between the experimental and simulated dynamic characteristics of
the Al particles. The onset of Al particle bonding to Al substrate supports interfacial
material instability. In spite of our first successful demonstration, it is also clear that other
dynamic effects originating from 𝐷f , 𝑇, 𝜃± , grain size, and oxide thickness should be
studied to provide further details in the extreme microscopic events. Since the microballistic characterization can be applied to other HSR studies for alloys, polymers, and
biomaterials, our approach combined with the constitutive modeling will provide a new
avenue in understanding HSR material characteristics of various materials.
Experimental Method
Sample preparation: A two-part PDMS kit (Sylgard 184, Dow Chemical) was used
with a mixing ratio of 10 to 1 and was spin-coated on an 80 nm thick gold coated
microscope cover glass, subsequently followed by curing at 125˚C for 1 hour. The
thickness of the cured PDMS film was approximately 80 µm. Aluminum 6061 alloy
powders (270 mesh, Valimet, Inc.) were annealed at 230˚C for 1 hour and then sieved to
further reduce particle size distribution. The aluminum 6061 particles were mixed with
isopropanol and a single drop of the mixture was applied on the PDMS/gold-coated
substrate. By placing a small piece of weighing paper on top of the applied mixture,
clustering of the aluminum particles due to solvent drying was prevented. Aluminum 6061T6 target substrate (McMaster-Carr) was used without any additional heat treatment after
mechanical polishing using grinding papers and abrasives.
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Microballistic testing: When capturing the rebounding particles, we covered an
impact area of specimen with a conic cap having a 100 µm diameter hole at its apex. Alparticles impacted a sapphire substrate though the hole of the conic cover and the impact
velocity was measured before entering the conic cover.
Characterization: For high-speed and gallium-contamination-free sectioning of
specimens, xenon plasma FIB milling (Helios PFIB, FEI) was used. To reduce ion damage,
platinum (~2 µm thick) was deposited on the surface area to be sectioned prior to FIB.
EBSD characterization, cross sectional slices of bonded particles (50 µm ´ 50 µm ´ 5 µm)
were made and transferred to the other substrate using a nano-manipulator. The transferred
slices were further polished using FIB in a different angle to reduce the roughness of
sectioned surface. A typical spatial resolution of EBSD mapping was 50 nm.
Numerical modeling: Mechanics of the particle and the substrate were simulated
by using three-dimensional, large deformation, continuum mechanics theory and isotropic
plasticity, by using the finite element software ABAQUS® (Dassault Système, USA).
Material properties used in the simulations are given in Table 7.1. Material failure was
simulated by using continuum damage failure strain level of 3.26 Material heating due to
plastic deformation, the effects of temperature on material properties and the subsequent
heat transfer inside the material were included in the model. The bilinear JC flow stress
model36 was used to characterize the dependence of the flow (yield) stress 𝜎õ on the plastic
strain 𝜀" , rate of plastic strain 𝜀̇" and temperature T, as follows,29,36
¥̇

•z•ü

𝜎õ = '𝐴 + 𝐵𝜀"6 - ø1 + 𝐶 log L¥̇ ² O û ø1 − L•
Â

‡ z•ü

5

O û

(1)

where the parameters A, B, and n are the strain-hardening parameters, C controls
the strain rate hardening, 𝜀̇f is the reference strain rate, 𝑇ý is a reference temperature, 𝑇Ü
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is the melting temperature of the material, and m is the temperature exponent. Recently
reported split-Hopkinson bar experiments for Al-6061 show that strain-rate hardening
increases dramatically at strain rates higher than 103 s-1.29 Manes et al. summarized this
observation in the context of Johnson-Cook model by using the following bilinear strain
rate coefficient,29
𝐶=þ

𝐶] and 𝜀̇f = 1
𝐶N and 𝜀̇f = 𝜀̇´

if 𝜀̇" < 𝜀̇´
if 𝜀̇B > 𝜀̇/

with, 𝐶N > 𝐶]

(2)

where 𝐶] and 𝐶N are coefficients that show the additional increase in the yield stress
when 𝜀̇" is greater than the critical plastic strain rate 𝜀̇´ . In this work, these material
constants were obtained by least squares curve fitting of the simulation results to the shapes
of the deformed particles for the impact velocities as shown in Fig. 7.2b. The optimization
started with the values reported by Manes et al.29 Following constants were determined A
= 270 MPa, B = 154.3 MPa, C1 = 2×10-3, C2 = 2.9×10-2, m = 0.16 and n = 2.15×10-2 and 𝜀̇´
= 597 s-1 to fit the deformed particle shapes in the 150 – 700 m/s impact speed ranges very
well. Detailed optimized parameters are shown in Table 7.1.
Mechanics of contact and separation between the particle and substrate are treated
independently. During the compression phase of the contact, the particle is driven into the
substrate only through momentum exchange, as the effects of weak forces (e.g., van der
Waals) upon contact are not considered. Under the compressive normal stress and the
tangential stress due to Coulomb friction, interfacial bonding occurs by the coupled effects
of metallic bonds, localized melting, and/or interfacial mixing. While individual
quantification of the various bonding factors is challenging, it is clear that during the
compression phase the interface energy jumps to a high level relative to the surface energy
before bonding. The separation phase is identified by development of tensile interfacial
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stress in the normal direction. The interface behavior during separation is modeled as a
cohesive zone.27,31 The relationship between the cohesive stress 𝜎6 at the interface and the
separation of the two surfaces is represented by a traction-separation relationship. The
interface energy is then given by the area under the traction separation curve. We used the
triangular traction separation relationship implemented in ABAQUS® with 𝜎6 = 300 MPa
and interface energy 0.5 J/m2. These two values were obtained by an exhaustive parameter
fitting to the experimental results presented in Fig. 7.5b.
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Supporting Information

Figure 7.7 | Deformed aluminum 6061 alloy particles after collisions to sapphire surface.
(a) – (k) Side view SEM images of deformed particles are shown with their initial
diameters, impact velocities, and impact angles. All scale bars are 5 µm.
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Figure 7.8 | Deformed aluminum 6061 alloy particles after collisions to aluminum 6061
surface. (a) – (d) The original cross-sectional SEM images of Fig. 5e-h.
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a)

b) Region-1

c) Region-2

d) Region-3
e) Region-4
Figure 7.9 | Yield stress variation with time and impact velocity in the four characteristic
regions of the particle. a shows four regions in the particle that exhibit different material
responses from this point of view. The material in regions-1 and -2 experiences significant
softening during impact, where the instability occurs after 500 m/s in region-1 and 800 m/s
in region-2 (b, c). In regions-3 and -4, the deformation is predicted to be less severe and no
instability is observed, albeit in region-3 some softening is predicted above 700 m/s (d, e).
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Figure 7.10 | Plastically deformed volume of the particle normalized with respect to the
particle volume, shown as a function of impact velocity for both Al-Al and Al-Sap impacts.
Properties
General

Elastic
Plastic
(Johnson-Cook
plasticity
model)

Parameter
Density, ρ
Specific heat, CP
Thermal conductivity
Thermal expansion
Melting temperature, Tm
Inelastic heat fraction, β
Elastic modulus
Poisson’s ratio
A
B
n
C1, C2,

e!c

Value
Al-6061
2,700a
1,009a
3154a
22.3a
925
0.9
69.11a
0.331a
270
154.3
0.239
2×10-3,
29×10-3
597.2

Unit
Sapphire
3,980
755a
33a
4.6a
416a
0.231
-

kg/m3
J/kg K
W/m K
10-6/K
K
GPa
MPa
MPa

-

m
1.42
Reference strain rate
1
1/s
Reference temperature
293
K
Material failure Failure strain
3
a
Temperature dependent properties. The values at room temperature (293 K) are
shown. Data is taken from MPDB software.1
1. Material Property Database ver. 7.99. (JAHM Software, Inc., 2016).
Table 7.1 | Material properties for the materials used in finite element simulations.
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CHAPTER 8
CONCLUSION
We have demonstrated the extreme dynamic behavior of nanomaterials at ultrahigh strain rates, including micro-fibers (1D), membranes (2D), particles (0D), and semiinfinite samples (3D), by employing an advanced laser-induced projectile impact test
technique.
First, we found the mechanical performance of individual micro-fibers is linearly
dependent on transverse wave speed. And CNT fibers showed very promising behavior
due to the self-amplification of friction in interleaved assemblies.
Second, we studied the nano-membranes made from materials of different
properties. Multilayer graphene (MLG) exhibits highly-ordered crystalline structure.
Polystyrene (PS) is an amorphous brittle polymer, while polycarbonate (PC) is semicrystalline. Upon impact, PS and PC presented localized damage. PS started to show
ductile behavior as molecular weight became higher. PC, on the other hand, was largely
stretched during penetration. As for MLG, the impact energy can be quickly delocalized
through sound wave propagation. After understanding the single component system, we
moved on to the nanocomposites, containing two components, graphene oxide (GO) and
silk fibroin (SF). The specimens consist of alternating layers of GO and SF. We explored
the energy dissipation capability as a function of areal coverage of GO on SF. There is a
transition when the areal coverage reaches 100%. As the sound wave speed of GO is much
faster than that of SF, we believe the nanoscale continuity of GO can help dissipate the
impact energy via the fast propagating sound wave in GO.
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Third, we explored the deformation of aluminum (Al) particles and target substrate
under high speed impact. The bonding between the particle and target was observed when
the impact speed is above the critical velocity.
To conclude, we revealed that sound wave propagation plays a significant role in
energy dissipation under high speed impact for both micro-fibers and nano-membranes.
The failure modes are quite different for various materials. For PS, the damage is highly
localized and there is crazing formation. For PC, the failure process is mostly shear
deformation. It has been found that the fracture behavior and energy absorption of
polymers are strongly coupled to entanglement density at ultra-high strain rates. Unlike
polymers, graphene has demonstrated an outstanding ability to delocalize the impact
energy. Because of the high wave propagation velocity, the transverse deflection has time
to develop thus involving more material in the resistance. From the perspective of armors,
graphene makes a better candidate than PS and PC, although PC shows very high specific
energy dissipation. This is because the large displacement of the deformation zone during
impact can injure the human body. In addition, we found that nanomaterials can be
engineered at micro-/nano-scale to improve their ballistic performance. For example, the
interleaved assembly of CNTs and the continuity of the GO phase can consume
considerably more energy.
This work has shed light on the extreme dynamics and energy dissipation
mechanism of nanomaterials subject to high speed impact. It provides an insight into the
design of lightweight armor materials.
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APPENDIX
EXPERIMENTAL METHOD
This Chapter contains all the experimental methods, including the equipment and
the sample preparation.
Advanced Laser-induced Projectile Impact Test (a-LIPIT)
System illustration: The third generation α-LIPIT (Figure A1) is significantly
improved compared to the previous two generations.1-5 Besides better image quality, both
the interframe time and the number of pulses can be tunable.

Figure A1 | Diagram of the 3rd generation LIPIT.
An ablation laser pulse (5 – 8 ns pulse duration, 1064 nm) was created by using a
Nd:YAG laser (Quanta-Ray INDI-40-10-HG, Spectra-Physics). An individual Al-particle
was placed near (a few millimeters above) the focal point of the laser ablation on a
PDMS/Au/glass substrate (Figure A2). A Ti:Sapphire oscillator (Mai Tai HP, SpectraPhysics) continuously provided laser pulses (a pulse duration <100 fs, λ=750 nm). Since
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repetition rate of the Ti:Sapphire oscillator provided a reference clock, the pulse repetition
rate (79.56 MHz) was precisely measured using a 500 MHz oscilloscope (GDS-3504,
Instek). A low-noise and high-quantum-yield digital camera (C11440-22C, Hamamatsu
Photonics) was triggered to start image acquisition for 10 ms by a digital delay generator
(DG645, Stanford Research System). When the 1064 nm laser pulse was focused at the
gold film, the ablation of gold happened and the selected particle was accelerated. Note
that the focal point of the ablation beam was below the launching pad to avoid dielectric
breakdown. During the flight of the Al-particle, the Ti:Sapphire laser pulses were gated by
three serially-aligned electro-optical modulators (EOM) with a high combined extinction
ratio greater than 107. Note that due to the rise and fall time of EOM being 8 ns, the beam
path was intentionally increased to > 2.4 m to allow enough time for the EOM to respond.
For speckle-less and diffraction-suppressed ultrafast photography, the gated laser pulses
were converted to white light by a photonic crystal fiber (SCG-800, Newport) exhibiting
the supercontinuum conversion. The pulse duration was ~1ps after passing through the
fiber. The α-LIPIT can accelerate micro-projectiles to 10 – 1,000 m/s. The fast motion can
be recorded by a multi-frame photograph. The time interval between frames was N × 12.5
ns (N > 1), and the number of pulses determined how many frames there were in a single
image. We usually used fewer than 30 pulses because the increment of pulse number results
in the reduction of image contrast. The reason is that the background signal is repeatedly
added for each frame. The contrast can be improved by taking two photos for each
experiment, one background image before impact and one in-situ image during impact.
Then we can subtract the background from the in-situ image using Adobe Photoshop. The
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system was also equipped with a vacuum chamber to achieve a pressure of ~260 mTorr to
avoid any effects from air drag force.

Figure A2 | a-LIPIT setup (left) and illustration (right).
Launching pad preparation: A square cover glass was cleaned with soap water
and rinsed with tap water. A ~80 nm thick gold layer was deposited on top using a sputter
coater (DESK V, Denton Vacuum) at 50 mA for ~4 min. A two-part PDMS kit (Sylgard
184, Dow Chemical) was mixed with 10:1 ratio and spun on the gold layer at 1000 – 2000
rpm for 30 s. It was then cured at 125 °C for 1 hr and cut into 5 mm wide strips using a
diamond tip scriber (glass) and razor blade (PDMS). This PDMS launching pad can reach
a speed range of 50 – 1,100 m/s. However, it caused severe contamination at high speeds
(> 800 m/s) due to the rupture of PDMS.
There are two types of polyimide launching pad for high (> 800 m/s) and low speed
range (< 50 m/s). 1/3 mil polyimide was placed on a PDMS launching pad. The PDMS is
a few microns thick for adhesion. This method can achieve up to ~1,200 m/s. Polyimide
tape (Prod No. 16089-2, TED PELLA) consists of ~30 µm thick polyimide and ~40 µm
adhesive. It can be directly stuck onto gold coated cover glass. This substrate is for low
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speed (< 50 m/s). Several layers of the tape can be added on top of each other depending
on the need, using more layers for lower speed.
Focusing: For normal LIPIT, a syringe needle was attached to a sliding stage for
focusing. The launching pad was ablated once and its center was identified. The needle tip
was put at the exact center of the ablation area and the side camera position was adjusted
to make the needle tip well-focused on the sider camera live image.
For the fiber experiment, instead of the needle, the fiber itself can be used for
focusing. The fiber axis was aligned with the ablation center using the bottom camera, and
the side camera position was adjusted to make the fiber focused.
For vacuum LIPIT, it is a bit more complicated because the camera moves out of
focus during vacuum pumping. A needle needs to be attached to the target stage before
pumping down (Figure A3), because the chamber will be sealed in vacuum. The needle
can be placed at the ablation center by moving the target stage.

Figure A3 | Scheme of vacuum LIPIT focusing.
Scanning Electron Microscopy (SEM)
High-resolution scanning electron microscopy (SEM) (FEI Magellan 400) was
used to study the damage features after impact. For non-conductive samples, a thin layer
of gold (2 – 5 nm) was sputter coated on top prior to SEM.
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Experimental Method for Micro-fibers
Sample preparation for the ultrafast stroboscopic microscopy: A single fiber
was mounted on a fiber holder using an adhesive (LoctiteÒ super glue). The gauge length
of each fiber was 2.25 mm, set by the distance between the two supports of the fiber holder.
The fiber holder was made by curing two-part epoxy resin in a mold covered by a glass
plate on top. One single fiber was fixed between the two epoxy blocks with the super glue.
For consistent pre-tension (~1.3 mN), one end of the fiber was glued first to one of the two
epoxy supports. A small weight (~0.13 g) was attached to the fiber’s unmounted side. In
the vertical position, while the fiber was under the pre-tension, the fiber’s other end was
glued to the other epoxy support. An improved sample holder has been developed recently
(Figure A4). 1 mm thick microscope slides were cut into small pieces, 5 mm by 5 mm,
then glued to the cover glass strip (5 mm wide) by superglue to serve as the two supports.
A cured PDMS film (~ 100 µm thick) was put on the cover glass strip between the two
supports. This new sample holder provides better transparency through the cover glass
strip. Due to the PDMS layer, the projectile will become embedded if it misses the target
fiber. Therefore, the landing position of the projectile can be identified, which can help
adjust the aiming point for the next impact.

Figure A4 | Fiber sample holder.
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Characterization: Resonant Raman spectroscopy was performed with a Renishaw
InVia Confocal Raman microscope. The post mortem Raman map was collected with 633
nm excitation wavelength in an 85 μm by 17 μm area with a 2 μm step size along the length
of the fiber and a 1 μm step size across the diameter. The G/D ratio was calculated by
taking the maximum intensity in the G peak region (1,500 - 1,700 cm-1) divided by the
maximum intensity in the D peak region (1,250 - 1,400 cm-1); peak positions were
simultaneously determined.
Nano-tensile test: The fibers were mounted on thick paper frames using Loctite
super glue. The paper frame was 20 mm by 10 mm with a 7 mm diameter circular window
at the center. The gauge length of the fibers was 7 mm.
Tensile tests were conducted using an MTS Nano UTM
Testing System with a load cell of 0.5 N and a load
-3 -1

resolution of 50 nN at a strain rate of 1×10 s .

Figure A5 | Fiber preparation
for tensile test.

Experimental Method for Nano-membrane
Multi-layer graphene (MLG) sample preparation: MLG was exfoliated from
highly ordered pyrolytic graphite (HOPG) using ScotchTM tape (Figure A6). The watersoluble glue (Elmer’s) was applied on top of MLG. After drying in the air overnight, MLG
was detached from the Scotch tape. A few additional exfoliation steps were performed to
obtain sufficiently thin films. An adhesive layer (40 wt% 3M Scotch SuperTM 77 in acetone)
was added on a TEM grid (85 μm square hole). The excessive adhesive was removed by
placing the TEM grid on a kimwipe. The sticky TEM grid was then attached to the MLG
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and submerged in water. MLG was cut along the TEM grid boundary. After 12 hrs, the
sample was removed from the water and dried off by putting it on a kimwipe.

Figure A6 | Fabrication method for freestanding MLG.6
Thickness measurement of MLG: An optical micrograph (S) was taken with an
inverse microscope with B1-block filter (500 – 570 nm) prior to LIPIT. Reference (R) and
background (B) images were also taken. A map of transmittance was calculated by (SB)/(R-B) and converted to a thickness map using an analytical formula and the optical
parameters of graphite (Figure A7). Another image was taken after penetration and was
cross-checked with the previous image to identify the impact region. The thickness of the
penetrated MLG was determined by averaging the direct impact region (As).
Before the measurement, the non-linear camera (1.4 Megapixel CCD Scientific
Camera, Thorlabs) was corrected to be linear. First, illumination intensity was fixed and
exposure time was varied to obtain a series of images (B1-block filter). MATLAB was
used to extract G-channel counts. Second, the average counts of one line were calculated,
coordinates (261, 695) – (520, 695) (Image 1040*1390). Third, a cubic polynomial was
used to fix exposure time (y-axis) vs. counts (x-axis). The fitting polynomial was used as
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the correction function. The conversion function was verified by testing 6 samples with
different values of transmittance: OD1, cover glass, and gold coated cover glass. The
transmittance was first measured using a UV-Vis spectrometer (Flame Miniature
Spectrometer, Ocean Optics) and then compared with the results using a conversion
function. The transmittance after correction matches well with the spectrometer data.

Figure A7 | Optical micrographs of MLG and thickness map.6
Polystyrene sample preparation: For the fabrication of freestanding PS films, the
sacrificial water-soluble glue (Elmer’s) was first spin coated on a cover glass. The PS layer
was then deposited by spin coating of 2.5 wt% PS dissolved in cyclopentanone. The film
thickness of ~170 nm was controlled by spin speed varying from 700 rpm to 1100 rpm for
1 min. A liquid adhesive (Scotch SuperTM 77, 3M) was applied to a TEM grid (85 µm
square hole). The TEM grid was attached to the PS film before the sample was immersed
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in water. After 12h, the glue was completely removed and the freestanding PS film was
transferred to the TEM grid.
Polycarbonate sample preparation: Free standing polycarbonate (PC) thin films
were prepared by spin coating solutions of PC in 50/50 by mass mixtures of
dichloromethane/toluene onto 2.54 cm × 2.54 cm glass substrates. Each film was then cut
into 2 mm × 2 mm squares prior to floating on water. Cutting into smaller sections ensures
that there is not an excess of PC film draping over the sample holder, which is a
transmission electron microscopy (TEM) grid (Ted Pella PELCO Tabbed 100 mesh,
Nickel). An individual square was then removed from the water with a TEM grid and then
dried off by placing the TEM grid onto a kimwipe. To ensure that the PC film is adhered
to the TEM grid, each sample was quickly solvent-annealed by exposing it to a co-solvent
vapor mixture of (50/50 by mass) dichloromethane/toluene for ≈ 2 s. These samples were
then used without further processing.
Thickness measurement of freestanding polymeric films: For films with a
sacrificial layer, the thickness of the film was measured after being transferred to a TEM
grid with a thin film analyzer from Filmetrics. The machine measures the spectral
reflectance with the incident light normal to the sample surface. The film thickness can be
obtained from the amplitude and periodicity using the optical constants and other properties.
Note that the calculation is done by the equipment software, and the thickness value is
directly shown on the screen. For films directly deposited on the substrate (no sacrificial
layer), the thickness was measured via optical profilometry (ZYGO NewView 7300 or
Nexview) using the portion of the film that remained on the glass substrate. A step was
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created by removing part of the film. The height profile was then measured near the step
to get the thickness information.
References
(1)

Xie, W.; Alizade-Dehkharghani, A.; Chen, Q.; Champagne, V. K.; Wang, X.; Nardi,

A. T.; Kooi, S.; Müftü, S.; Lee, J.-H. Dynamic and Extreme Plasticity of Metallic
Microparticles in Supersonic Collisions. Sci. Rep. 2017, 7 (1), 5073.
(2)

Xie, W.; Tadepalli, S.; Park, S. H.; Kazemi-Moridani, A.; Jiang, Q.; Singamaneni,

S.; Lee, J.-H. Extreme Mechanical Behavior of Nacre-Mimetic Graphene-Oxide and Silk
Nanocomposites. Nano Lett. 2018, 18 (2), 987-993.
(3)

Khalkhali, Z.; Xie, W.; Champagne, V.; Lee, J.-H.; Rothstein, J. A Comparison of

Cold Spray Technique to Single Particle Micro-Ballistic Impacts for the Deposition of
Polymer Particles on Polymer Substrates. Surf. Coat. Tech. 2018, 351, 99-107.
(4)

Yang, G.; Xie, W.; Huang, M.; Champagne, V. K.; Lee, J.-H.; Klier, J.; Schiffman,

J. D. Polymer Particles with a Low Glass Transition Temperature Containing Thermoset
Resin Enale Powder Coatings at Room Temperature. Ind. Eng. Chem. Res. 2019, 58 (2),
908-916.
(5)

Xie, W.; Zhang, R.; Headrick, R. J.; Taylor, L.; Kooi, S. E.; Pasquali, M.; Muftu,

S.; Lee, J.-H. Dynamic Strengthening of Carbon Nanotube Fibers under Extreme
Mechanical Impulse. Nano Lett. 2019, 19 (6), 3519-3526.
(6)

Lee, J.-H.; Loya, P. E.; Lou, J.; Thomas, E. L. Dynamic Mechanical Behavior of

Multilayer Graphene via Supersonic Projectile Penetration. Science. 2014, 346 (6213),
1092-1096.

185

BIBLIOGRAPHY
Affdl, J. C. H.; Kardos, J. L. The Halpin-Tsai Equations: A Review. Polym. Eng. Sci.
1976, 16 (5), 344–352.
Aharoni, S. M. Correlations between Chain Parameters and Failure Characteristics of
Polymers below Their Glass Transition Temperature. Macromolecules 1985, 18
(12), 2624–2630.
Al-Mousawi, M. M.; Reid, S. R.; Deans, W. F. The Use of the Split Hopkinson Pressure
Bar Techniques in High Strain Rate Materials Testing. Proc. Inst. Mech. Eng. Part
C J. Mech. Eng. Sci. 1997, 211 (4), 273–292.
Allen, M. J.; Tung, V. C.; Kaner, R. B. Honeycomb Carbon -- A Study of Graphene. Am.
Chem. Soc. 2010, 110 (1), 132–145.
An, Z.; Compton, O. C.; Putz, K. W.; Brinson, L. C.; Nguyen, S. T. Bio-Inspired Borate
Cross-Linking in Ultra-Stiff Graphene Oxide Thin Films. Adv. Mater. 2011, 23
(33), 3842–3846.
Araby, S.; Zaman, I.; Meng, Q.; Kawashima, N.; Michelmore, A.; Kuan, H.-C.;
Majewski, P.; Ma, J.; Zhang, L. Melt Compounding with Graphene to Develop
Functional, High-Performance Elastomers. Nanotechnology 2013, 24 (16),
165601.
Assadi, H.; Gartner, F.; Stoltenhoff, T.; Kreye, H. Bonding Mechanism in Cold Gas
Spraying. Acta Mater. 2003, 51, 4379-4394.
Bae, S.; Kim, H.; Lee, Y.; Xu, X.; Park, J.-S.; Zheng, Y.; Balakrishnan, J.; Lei, T.; Ri
Kim, H.; Song, Y. Il; et al. Roll-to-Roll Production of 30-Inch Graphene Films for
Transparent Electrodes. Nat. Nanotechnol. 2010, 5 (8), 574–578.
Bal, S.; Samal, S. S. Carbon Nanotube Reinforced Polymer Composites—A State of the
Art. Bull. Mater. Sci. 2007, 30 (4), 379–386.
Banerjee, B.; Bhawalkar, A. S. An Extended Mechanical Threshold Stress Plasticity
Model: Modeling 6061-T6 Aluminum Alloy. J. Mech. Mater. Struct. 2008, 3,
391-424.
Banerjee, S.; Hemraj-Benny, T.; Wong, S. S. Covalent Surface Chemistry of SingleWalled Carbon Nanotubes. Adv. Mater. 2005, 17 (1), 17–29.
Bazhenov, S. L.; Dukhovskii, I. A.; Kovalev, P. I.; Rozhkov, A. N. The Fracture of SVM
Aramide Fibers upon a High-Velocity Transverse Impact. Polym. Sci. Ser. A
2001, 43 (1), 61–71.
Behabtu, N.; Young, C. C.; Tsentalovich, D. E.; Kleinerman, O.; Wang, X.; Ma, A. W.
K.; Bengio, E. A.; Ter Waarbeek, R. F.; De Jong, J. J.; Hoogerwerf, R. E.;

186

Fairchild, S. B.; Ferguson, J. B.; Maruyama, B.; Kono, J.; Talmon, Y.; Cohen, Y.;
Otto, M. J.; Pasquali, M. Strong, Light, Multifunctional Fibers of Carbon
Nanotubes with Ultrahigh Conductivity. Science 2013, 339 (6116), 182–186.
Berger, L. L.; Kramer, E. J. Chain Disentanglement during High-Temperature Crazing of
Polystyrene. Macromolecules 1987, 20 (8), 1980–1985.
Bersted, B. H. Entanglement Network Model Relating Tensile Impact Strength and the
Ductile‐brittle Transition to Molecular Structure in Amorphous Polymers. J.
Appl. Polym. Sci. 1979, 24 (1), 37–50.
Bhat, T. B. The Science of Armour Materials; Woodhead Publishing, 2017; pp 675–690.
Bizao, R. A.; Machado, L. D.; De Sousa, J. M.; Pugno, N. M.; Galvao, D. S. Scale
Effects on the Ballistic Penetration of Graphene Sheets. Sci. Rep. 2018, 8, 6750.
Burghard, Z.; Zini, L.; Srot, V.; Bellina, P.; Aken, P. A. van; Bill, J. Toughening through
Nature-Adapted Nanoscale Design. Nano Lett. 2009, 9 (12), 4103–4108.
Butler, S. Z.; Hollen, S. M.; Cao, L.; Cui, Y.; Gupta, J. A.; Gutiérrez, H. R.; Heinz, T. F.;
Hong, S. S.; Huang, J.; Ismach, A. F.; et al. Progress, Challenges, and
Opportunities in Two-Dimensional Materials Beyond Graphene. ACS Nano 2013,
7 (4), 2898–2926.
Callister, W. D. J. Materials Science and Engineering 7th Ed. : An Introduction; 2007.
Campbell, F. C. Structural Composite Materials; ASM International, 2010.
Chae, H. G.; Kumar, S. Making Strong Fibers. Science 2008, 319 (5865), 908–909.
Chae, H. G.; Minus, M. L.; Kumar, S. Oriented and Exfoliated Single Wall Carbon
Nanotubes in Polyacrylonitrile. Polymer 2006, 47 (10), 3494–3504.
Champagne, V. K. The cold spray materials deposition process: Fundamentals and
applications, Elsevier, 2007.
Chatzi, E. G.; Koenig, J. L. Morphology and Structure of Kevlar Fibers: A Review.
Polym. Plast. Technol. Eng. 1987, 26 (3–4), 229–270.
Chen, F.; Porter, D.; Vollrath, F. Silk Cocoon (Bombyx Mori): Multi-Layer Structure and
Mechanical Properties. Acta Biomater. 2012, 8 (7), 2620–2627.
Chen, H. Q.; Kysar, J. W.; Yao, Y. L. Characterization of Plastic Deformation Induced
by Microscale Laser Shock Peening. J. Appl. Mech. 2004, 71, 713-723.
Chen, H.; Müller, M. B.; Gilmore, K. J.; Wallace, G. G.; Li, D. Mechanically Strong,
Electrically Conductive, and Biocompatible Graphene Paper. Adv. Mater. 2008,
20 (18), 3557–3561.

187

Cheng, Q.; Wu, M.; Li, M.; Jiang, L.; Tang, Z. Ultratough Artificial Nacre Based on
Conjugated Cross-Linked Graphene Oxide. Angew. Chemie Int. Ed. 2013, 52
(13), 3750–3755.
Cho, J.; Char, K.; Hong, J.-D.; Lee, K.-B. Fabrication of Highly Ordered Multilayer
Films Using a Spin Self-Assembly Method. Adv. Mater. 2001, 13 (14), 1076–
1078.
Chopra, N. G.; Benedict, L. X.; Crespi, V. H.; Cohen, M. L.; Louie, S. G.; Zetti, A. Fully
Collapsed Carbon Nanotubes. Nature 1995, 377 (14), 135–138.
Clifton, R. J. High Strain Rate Behavior of Metals. Appl. Mech. Rev. 1990, 43 (5S), S9–
S22.
Coleman, J. N.; Blau, W. J.; Dalton, A. B.; Muñoz, E.; Collins, S.; Kim, B. G.; Razal, J.;
Selvidge, M.; Vieiro, G.; Baughman, R. H. Improving the Mechanical Properties
of Single-Walled Carbon Nanotube Sheets by Intercalation of Polymeric
Adhesives. Appl. Phys. Lett. 2003, 82 (11), 1682–1684.
Coleman, J. N.; Cadek, M.; Ryan, K. P.; Fonseca, A.; Nagy, J. B.; Blau, W. J.; Ferreira,
M. S. Reinforcement of Polymers with Carbon Nanotubes. The Role of an
Ordered Polymer Interfacial Region. Experiment and Modeling. Polymer 2006,
47 (26), 8556–8561.
Coleman, J. N.; Khan, U.; Blau, W. J.; Gun’ko, Y. K. Small but Strong: A Review of the
Mechanical Properties of Carbon Nanotube–Polymer Composites. Carbon 2006,
44 (9), 1624–1652.
Coleman, J. N.; Khan, U.; Gun’ko, Y. K. Mechanical Reinforcement of Polymers Using
Carbon Nanotubes. Adv. Mater. 2006, 18 (6), 689–706.
Compton, O. C.; Nguyen, S. T. Graphene Oxide, Highly Reduced Graphene Oxide, and
Graphene: Versatile Building Blocks for Carbon-Based Materials. Small 2010, 6
(6), 711–723.
Cook, D. G.; Rudin, A.; Plumtree, A. Fracture Mechanics Parameters for Polystyrene
under High Speed Impact. Polym. Eng. Sci. 1990, 30 (10), 596–602.
Council, N. R. Opportunities in Protection Materials Science and Technology for Future
Army Applications; National Academies Press: Washington, D.C., 2011.
Crouch, I. G. The Science of Armour Materials; Woodhead Publishing, 2017.
Cunniff, P. Dimensionless Parameters for Optimization of Textile-Based Body Armor
Systems. Proc. 18th Int. Symp. Ballist. 1999, No. January 1999, 1303–1310.
Dalili, N.; Edrisy, A.; Carriveau, R. A Review of Surface Engineering Issues Critical to
Wind Turbine Performance. Renew. Sustainable Energy Rev. 2009, 13, 428-438.

188

Dasari, A.; Yu, Z.-Z.; Mai, Y.-W. Electrically Conductive and Super-Tough PolyamideBased Nanocomposites. Polymer 2009, 50 (16), 4112–4121.
de Souza Neto, E. A.; Peric, D.; Owen, D. R. J. Computational methods for plasticity:
Theory and applications. John Wiley & Sons, 2011.
Decher, G. Fuzzy Nanoassemblies: Toward Layered Polymeric Multicomposites. Science
1997, 277 (5330), 1232–1237.
Ding, W.; Eitan, A.; Fisher, F. T.; Chen, X.; Dikin, D. A.; Andrews, R.; Brinson, L. C.;
Schadler, L. S.; Ruoff, R. S. Direct Observation of Polymer Sheathing in Carbon
Nanotube-Polycarbonate Composites. Nano Lett. 2003, 3 (11), 1593–1597.
Dobb, M. G.; Johnson, D. J.; Saville, B. P. Supramolecular Structure of a High-Modulus
Polyaromatic Fiber (Kevlar 49). J. Polym. Sci. B 1977, 15 (12), 2201–2211.
Donald, A. M.; Kramer, E. J. Effect of Molecular Entanglements on Craze Microstructure
in Glassy Polymers. J. Polym. Sci. Polym. Phys. Ed. 1982, 20 (5), 899–909.
Donald, A. M.; Kramer, E. J. The Competition between Shear Deformation and Crazing
in Glassy Polymers. J. Mater. Sci. 1982, 17 (7), 1871–1879.
Dowling, N. E. Mechanical Behavior of Materials Engineering Methods for Deformation,
Fracture, and Fatigue; 2013.
Drodge, D. R.; Mortimer, B.; Holland, C.; Siviour, C. R. Ballistic Impact to Access the
High-Rate Behavior of Individual Silk Fibres. J. Mech. Phys. Solids 2012, 60
(10), 1710–1721.
Dudley, J. M.; Genty, G.; Coen, S. Supercontinuum Generation in Photonic Crystal Fiber.
Rev. Mod. Phys. 2006, 78, 1135-1184.
Dykhuizen, R. C.; Smith, M. F.; Gilmore, D. L.; Neiser, R. A.; Jiang, X.; Sampath, S.
Impact of High Velocity Cold Spray Particles. J. Therm. Spray Techn. 1999, 8,
559-564.
Eda, G.; Fanchini, G.; Chhowalla, M. Large-Area Ultrathin Films of Reduced Graphene
Oxide as a Transparent and Flexible Electronic Material. Nat. Nanotechnol. 2008,
3 (5), 270–274.
Edwards, B. C. Design and Deployment of a Space Elevator. Acta Astronaut. 2000, 47
(10), 735–744.
El-Magd., E. Mechanical Properties at High Strain Rates. Le J. Phys. IV 1994, 4 (C8),
C8-149-C8-170.

189

Espinosa, H.; Prorok, B.; Fischer, M. A Methodology for Determining Mechanical
Properties of Freestanding Thin Films and MEMS Materials. J. Mech. Phys.
Solids 2003, 51 (1), 47–67.
Estevez, R.; Basu, S.; Van der giessen, E. In European Structural Integrity Society.
Elsevier. 2003; Vol. 32; pp 155–165.
Estevez, R.; Basu, S.; Van der giessen, E. Micromechanical Modelling of Rate and
Temperature Dependent Fracture of Glassy Polymers. Eur. Struct. Integr. Soc.
2003, 32, 155–165.
Fahnle, O. W.; van Brug, H.; Frankena, H. J. Fluid Jet Polishing of Optical Surfaces.
Appl. Opt. 1998, 37, 6771-6773.
Fakhri, N.; Tsyboulski, D. A.; Cognet, L.; Weisman, R. B.; Pasquali, M. DiameterDependent Bending Dynamics of Single-Walled Carbon Nanotubes in Liquids.
Proc. Natl. Acad. Sci. 2009, 106 (34), 14219–14223.
Fang, T. H.; Li, W. L.; Tao, N. R.; Lu, K. Revealing Extraordinary Intrinsic Tensile
Plasticity in Gradient Nano-Grained Copper. Science 2011, 331, 1587-1590.
Field, J. E.; Sun, Q. A High Speed Photographic Study of Impact on Fibres and Woven
Fabrics. Proc. SPIE 1990, 1358, 703–712.
Field, J. E.; Walley, S. M.; Proud, W. G.; Goldrein, H. T.; Siviour, C. R. Review of
Experimental Techniques for High Rate Deformation and Shock Studies. Int. J.
Impact Eng. 2004, 30 (7), 725–775.
Fischer-Cripps, A. C. Nanoindentation; Mechanical Engineering Series; Springer New
York: New York, NY, 2011.
Forrest, J. A.; Dalnoki-Veress, K.; Dutcher, J. R. Interface and Chain Confinement
Effects on the Glass Transition Temperature of Thin Polymer Films. Phys. Rev. E
- Stat. Physics, Plasmas, Fluids, Relat. Interdiscip. Top. 1997, 56 (5), 5705–5716.
Forrest, J. A.; Dalnoki-Veress, K.; Stevens, J. R.; Dutcher, J. R. Effect of Free Surfaces
on the Glass Transition Temperature of Thin Polymer Films. Phys. Rev. Lett.
1996, 77 (10), 2002–2005.
Fu, K.; Huang, W.; Lin, Y.; Riddle, L. A.; Carroll, D. L.; Sun, Y. P. Defunctionalization
of Functionalized Carbon Nanotubes. Nano Lett. 2001, 1 (8), 439–441.
Gao, H.; Ji, B.; Ja, I. L.; Arzt, E.; Fratzl, P. Materials Become Insensitive to Flaws at
Nanoscale. Proc. Natl. Acad. Sci. U. S. A. 2003, 100 (10), 5597–5600.
Gao, J.; Itkis, M. E.; Yu, A.; Bekyarova, E.; Zhao, B.; Haddon, R. C. Continuous
Spinning of a Single-Walled Carbon Nanotube-Nylon Composite Fiber. J. Am.
Chem. Soc. 2005, 127 (11), 3847–3854.

190

Geim, A. K.; Novoselov, K. S. The Rise of Graphene. Nat. Mater. 2007, 6 (3), 183–191.
Genzer, J.; Groenewold, J. Soft Matter with Hard Skin: From Skin Wrinkles to
Templating and Material Characterization. Soft Matter 2006, 2 (4), 310.
Ghosh, A. . Tensile Instability and Necking in Materials with Strain Hardening and
Strain-Rate Hardening. Acta Metall. 1977, 25 (12), 1413–1424.
Goel, S.; Faisal, N. H.; Ratia, V.; Agrawal, A.; Stukowski, A. Atomistic Investigation on
the Structure-Property Relationship during Thermal Spray Nanoparticle Impact.
Comp. Mater. Sci. 2014, 84, 163-174.
Good, I. L.; Kenoyer, J. M.; Meadow, R. H. New Evidence for Early Silk in the Indus
Civilization. Archaeometry 2009, 51 (3), 457–466.
Gorham, D. A. Specimen Inertia in High Strain-Rate Compression. J. Phys. D. Appl.
Phys. 1989, 22 (12), 1888–1893.
Gray III, George T. High-strain-rate Deformation: Mechanical Behavior and Deformation
Substructures Induced. Annu. Rev. of Mater. Res. 2012, 42, 285-303.
Griffith, A. A. The Phenomena of Rupture and Flow in Solids. Philos. Trans. R. Soc.
London 1921, 221 (582–593), 163–198.
Grujicic, M.; Zhao, C. L.; DeRosset, W. S.; Helfritch, D. Adiabatic Shear Instability
Based Mechanism for Particles/Substrate Bonding in the Cold-Gas DynamicSpray Process. Mater. Des. 2004, 25 (8), 681–688.
Gspann, T. S.; Montinaro, N.; Pantano, A.; Elliott, J. A.; Windle, A. H. Mechanical
Properties of Carbon Nanotube Fibers: St Venant’s Principle at the Limit and the
Role of Imperfections. Carbon 2015, 93, 1021–1033.
Hamed, A.; Tabakoff, W.; Wenglarz, R. Erosion and Deposition in Turbomachinery. J.
Propul. Power 2006, 22, 350-360.
Haque, B. Z.; Chowdhury, S. C.; Gillespie, J. W. Molecular Simulations of Stress Wave
Propagation and Perforation of Graphene Sheets under Transverse Impact. Carbon
2016, 102, 126–140.
Haque, M. A.; Saif, M. T. A. Microscale Materials Testing Using MEMS Actuators. J.
Microelectromechanical Syst. 2001, 10 (1), 146–152.
Hassani-Gangaraj, M.; Veysset, D.; Champagne, V. K.; Nelson, K. A.; Schuh, C. A.
Adiabatic Shear Instability Is Not Necessary for Adhesion in Cold Spray. Acta
Mater. 2018, 158, 430–439.

191

Hassani-Gangaraj, M.; Veysset, D.; Nelson, K. A.; Schuh, C. A. Impact-Bonding with
Aluminum, Silver, and Gold Microparticles: Toward Understanding the Role of
Native Oxide Layer. Appl. Surf. Sci. 2019, 476 (January), 528–532.
Hassani-Gangaraj, M.; Veysset, D.; Nelson, K. A.; Schuh, C. A. In-Situ Observations of
Single Micro-Particle Impact Bonding. Scr. Mater. 2018, 145, 9–13.
Hassani-Gangaraj, M.; Veysset, D.; Nelson, K. A.; Schuh, C. A. Melt-Driven Erosion in
Microparticle Impact. Nat. Commun. 2018, 9 (1).
Hassani-Gangaraj, M.; Veysset, D.; Nelson, K. A.; Schuh, C. A. Melting Can Hinder
Impact-Induced Adhesion. Phys. Rev. Lett. 2017, 119 (17), 1–5.
Haward, R. N. The Physics of Glassy Polymers, 2nd ed.; Springer Netherlands, 1997.
He, R.; Gahlawat, S.; Guo, C.; Chen, S.; Dahal, T.; Zhang, H.; Liu, W.; Zhang, Q.;
Chere, E.; White, K.; et al. Studies on Mechanical Properties of Thermoelectric
Materials by Nanoindentation. Phys. Status Solidi Appl. Mater. Sci. 2015, 212
(10), 2191–2195.
Headrick, R. J.; Tsentalovich, D. E.; Berdegué, J.; Bengio, E. A.; Liberman, L.;
Kleinerman, O.; Lucas, M. S.; Talmon, Y.; Pasquali, M. Structure-Property
Relations in Carbon Nanotube Fibers by Downscaling Solution Processing. Adv.
Mater. 2018, 30 (9), 1704482.
Hearle, J. W. S. High-performance fibres; Woodhead Publishing, Cambridge:
Cambridge, 2001.
Henkee, C. S.; Kramer, E. J. Crazing and Shear Deformation in Crosslinked Polystyrene.
J. Polym. Sci. B Pol. Phys. 1984, 34, 2825–2841.
Hepperle, J.; Münstedt, H.; Haug, P. K.; Eisenbach, C. D. Rheological Properties of
Branched Polystyrenes: Linear Viscoelastic Behavior. Rheol. Acta 2005, 45 (2),
151–163.
Hoy, R. S.; Robbins, M. O. Strain Hardening of Polymer Glasses: Effect of Entanglement
Density, Temperature, and Rate. J. Polym. Sci. B Pol. Phys. 2006, 44, 3487–
3500.
Hsieh, A. J.; Veysset, D.; Miranda, D. F.; Kooi, S. E.; Runt, J.; Nelson, K. A. Molecular
Influence in the Glass/Polymer Interface Design: The Role of Segmental
Dynamics. Polymer 2018, 146, 222–229.
Hu, K.; Gupta, M. K.; Kulkarni, D. D.; Tsukruk, V. V. Ultra-Robust Graphene OxideSilk Fibroin Nanocomposite Membranes. Adv. Mater. 2013, 25 (16), 2301–2307.

192

Hu, K.; Kulkarni, D. D.; Choi, I.; Tsukruk, V. V. Graphene-Polymer Nanocomposites for
Structural and Functional Applications. Prog. Polym. Sci. 2014, 39 (11), 1934–
1972.
Huang, J.; Juszkiewicz, M.; Jeu, W. H. d.; Cerda, E.; Emrick, T.; Menon, N.; Russell, T.
P. Capillary Wrinkling of Floating Thin Polymer Films. Science 2007, 317, 650–
653.
Hwang, G. L.; Shieh, Y.-T.; Hwang, K. C. Efficient Load Transfer to Polymer-Grafted
Multiwalled Carbon Nanotubes in Polymer Composites. Adv. Funct. Mater. 2004,
14 (5), 487–491.
Hyon, J.; Lawal, O.; Fried, O.; Thevamaran, R.; Yazdi, S.; Zhou, M.; Veysset, D.; Kooi,
S. E.; Jiao, Y.; Hsiao, M.-S.; Streit, J.; Vaia, R. A.; Thomas, E. L. Extreme
Energy Absorption in Glassy Polymer Thin Films by Supersonic Microprojectile
Impact. Mater. Today 2018, 21, 817–824.
Iijima, S. Helical Microtubules of Graphitic Carbon. Nature 1991, 354 (6348), 56–58.
Jesson, D. A.; Watts, J. F. The Interface and Interphase in Polymer Matrix Composites:
Effect on Mechanical Properties and Methods for Identification. Polym. Rev.
2012, 52 (3), 321–354.
Jia, Z.; Wang, Z.; Xu, C.; Liang, J.; Wei, B.; Wu, D.; Zhu, S. Study on Poly(Methyl
Methacrylate)/Carbon Nanotube Composites. Mater. Sci. Eng. A 1999, 271 (1–2),
395–400.
Jiang, C.; Markutsya, S.; Pikus, Y.; Tsukruk, V. V. Freely Suspended Nanocomposite
Membranes as Highly Sensitive Sensors. Nat. Mater. 2004, 3 (10), 721–728.
Jiang, C.; Markutsya, S.; Tsukruk, V. V. Compliant, Robust, and Truly Nanoscale FreeStanding Multilayer Films Fabricated Using Spin-Assisted Layer-by-Layer
Assembly. Adv. Mater. 2004, 16 (2), 157–161.
Jiang, C.; Tsukruk, V. V. Freestanding Nanostructures via Layer-by-Layer Assembly.
Adv. Mater. 2006, 18 (7), 829–840.
Jiang, C.; Wang, X.; Gunawidjaja, R.; Lin, Y. H.; Gupta, M. K.; Kaplan, D. L.; Naik, R.
R.; Tsukruk, V. V. Mechanical Properties of Robust Ultrathin Silk Fibroin Films.
Adv. Funct. Mater. 2007, 17 (13), 2229–2237.
Jiang, X. P.; Wang, X. Y.; Li, J. X.; Li, D. Y.; Man, C.-S.; Shepard, M. J.; Zhai, T.
Enhancement of Fatigue and Corrosion Properties of Pure Ti by Sandblasting.
Mat. Sci. Eng. A-Struct. 2006, 429, 30-35.
Jin, H.-J.; Kaplan, D. L. Mechanism of Silk Processing in Insects and Spiders. Nature
2003, 424 (6952), 1057–1061.

193

Jin, L.; Bower, C.; Zhou, O. Alignment of Carbon Nanotubes in a Polymer Matrix by
Mechanical Stretching. Appl. Phys. Lett. 1998, 73 (9), 1197–1199.
Jin, Z.; Pramoda, K. P.; Xu, G.; Goh, S. H. Dynamic Mechanical Behavior of MeltProcessed Multi-Walled Carbon Nanotube/Poly(Methyl Methacrylate)
Composites. Chem. Phys. Lett. 2001, 337 (1–3), 43–47.
Johnson, G. R. Numerical Algorithms and Material Models for High-Velocity Impact
Computations. Int. J. Impact Eng. 2011, 38 (6), 456–472.
Johnson, G. R.; Cook, W. H. Proceedings of the 7th International Symposium on
Ballistics. 541-547 (The Hague, The Netherlands, 1983).
Kendall, M. J.; Siviour, C. R. Experimentally Simulating High-Rate Behavior: Rate and
Temperature Effects in Polycarbonate and PMMA. Philos. Trans. Royal Soc. A
2014, 372, 20130202–20130202.
Khalkhali, Z.; Xie, W.; Champagne, V.; Lee, J.-H.; Rothstein, J. A Comparison of Cold
Spray Technique to Single Particle Micro-Ballistic Impacts for the Deposition of
Polymer Particles on Polymer Substrates. Surf. Coat. Tech. 2018, 351, 99-107.
Kharlampieva, E.; Kozlovskaya, V.; Chan, J.; Ankner, J. F.; Tsukruk, V. V. SpinAssisted Layer-by-Layer Assembly: Variation of Stratification as Studied with
Neutron Reflectivity. Langmuir 2009, 25 (24), 14017–14024.
Kharlampieva, E.; Kozlovskaya, V.; Wallet, B.; Shevchenko, V. V.; Naik, R. R.; Vaia,
R.; Kaplan, D. L.; Tsukruk, V. V. Co-Cross-Linking Silk Matrices with Silica
Nanostructures for Robust Ultrathin Nanocomposites. ACS Nano 2010, 4 (12),
7053–7063.
Kheradmand, N.; Barnoush, A.; Vehoff, H. Investigation of the Role of Grain Boundary
on the Mechanical Properties of Metals. In Journal of Physics: Conference Series;
2010; Vol. 240.
Kim, H.; Abdala, A. A.; Macosko, C. W. Graphene/Polymer Nanocomposites.
Macromolecules 2010, 43 (16), 6515–6530.
Kim, I.-H.; Jeong, Y. G. Polylactide/Exfoliated Graphite Nanocomposites with Enhanced
Thermal Stability, Mechanical Modulus, and Electrical Conductivity. J. Polym.
Sci. Part B Polym. Phys. 2010, 48 (8), 850–858.
Klinkrad, H. Space debris. Wiley Online Library 2010.
Korhonen, T.; Koskinen, P. Limits of Stability in Supported Graphene Nanoribbons
Subject to Bending. Phys. Rev. B 2016, 93 (24), 1–5.
Koskinen, P. Bending-Induced Delamination of van Der Waals Solids. J. Phys. Condens.
Matter 2013, 25 (39).

194

Koziol, K.; Vilatela, J.; Moisala, A.; Motta, M.; Cunniff, P.; Sennett, M.; Windle, A.
High-Performance Carbon Nanotube Fiber. Science 2007, 318 (5858), 1892–
1895.
Krieg, R. D.; Swearengen, J. C.; Jones, W. B. A Physically Based Internal Variable
Model for Rate Dependent Plasticity. In Unified Constitutive Equations for Creep
and Plasticity; Springer Netherlands: Dordrecht, 1987; pp 245–271.
Kulkarni, D. D.; Choi, I.; Singamaneni, S. S.; Tsukruk, V. V. Graphene OxidePolyelectrolyte Nanomembranes. ACS Nano 2010, 4 (8), 4667–4676.
Kumar, N.; Kumbhat, S. Essenstials in Nanoscience and Nanotechnology; John Wiley &
Sons, Inc: Hoboken, New Jersey, USA, 2016; pp 273–277.
Kumar, S.; Dang, T. D.; Arnold, F. E.; Bhattacharyya, A. R.; Min, B. G.; Zhang, X.;
Vaia, R. A.; Park, C.; Wade Adams, W.; Hauge, R. H.; et al. Synthesis, Structure,
and Properties of PBO/SWNT Composites. Macromolecules 2002, 35 (24), 9039–
9043.
Kvavadze, E.; Bar-Yosef, O.; Belfer-Cohen, A.; Boaretto, E.; Jakeli, N.; Matskevich, Z.;
Meshveliani, T. 30,000-year-old Wild Flax Fibers. Science 2009, 325 (5946),
1359–1359.
Lakshmana Rao, C.; Narayanamurthy, V.; Simha, K. R. Y. Ballistic Impact. In Applied
Impact Mechanics; John Wiley & Sons, Ltd: Chichester, UK, 2016; pp 269–312.
Lau, K. Interfacial Bonding Characteristics of Nanotube/Polymer Composites. Chem.
Phys. Lett. 2003, 370 (3–4), 399–405.
Laurent, C.; Flahaut, E.; Peigney, A. The Weight and Density of Carbon Nanotubes
Versus the Number of Walls and Diameter. Carbon 2010, 48 (10), 2994–2996.
Lee, B. L.; Walsh, T. F.; Won, S. T.; Patts, H. M.; Song, J. W.; Mayer, A. H. Penetration
Failure Mechanisms of Armor-Grade Fiber Composites under Impact. J. Compos.
Mater. 2001, 35 (18), 1605–1633.
Lee, C.; Wei, X.; Kysar, J. W.; Hone, J. Measurement of the Elastic Properties and
Intrinsic Strength of Monolayer Graphene. Science 2008, 321 (5887), 385–388.
Lee, J.-H.; Loya, P. E.; Lou, J.; Thomas, E. L. Dynamic Mechanical Behavior of
Multilayer Graphene via Supersonic Projectile Penetration. Science 2014, 346
(6213), 1092–1096.
Lee, J.-H.; Veysset, D.; Singer, J. P.; Retsch, M.; Saini, G.; Pezeril, T.; Nelson, K. A.;
Thomas, E. L. High Strain Rate Deformation of Layered Nanocomposites. Nat.
Commun. 2012, 3, 1164.

195

Lee, Y.; Bae, S.; Jang, H.; Jang, S.; Zhu, S.-E.; Sim, S. H.; Song, Y. Il; Hong, B. H.; Ahn,
J.-H. Wafer-Scale Synthesis and Transfer of Graphene Films. Nano Lett. 2010, 10
(2), 490–493.
Legros, M.; Elliott, B. R.; Rittner, M. N.; Weertman, J. R.; Hemker, K. J. Microsample
Tensile Testing of Nanocrystalline Metals. Philos. Mag. A 2000, 80 (4), 1017–
1026.
Leigh Phoenix, S.; Porwal, P. K. A New Membrane Model for the Ballistic Impact
Response and V50 Performance of Multi-Ply Fibrous Systems. Int. J. Solids
Struct. 2003, 40 (24), 6723–6765.
Li, J. The Mechanics and Physics of Defect Nucleation. MRS Bull. 2007, 32 (2), 151–
159.
Li, X.; Chang, W. C.; Chao, Y. J.; Wang, R.; Chang, M. Nanoscale Structural and
Mechanical Characterization of a Natural Nanocomposite Material: the Shell of
Red Abalone. Nano Lett. 2004, 4 (4), 613–617.
Li, X.; Xu, Z. H.; Wang, R. In Situ Observation of Nanograin Rotation and Deformation
in Nacre. Nano Lett. 2006, 6 (10), 2301–2304.
Li, Y.-L.; Kinloch, I. A.; Windle, A. H. Direct Spinning of Carbon Nanotube Fibers from
Chemical Vapor Deposition. Science 2004, 304 (5668), 276–278.
Li, Y.; Bushby, A. J.; Dunstan, D. J. The Hall-Petch Effect as a Manifestation of the
General Size Effect. Proceedings. Math. Phys. Eng. Sci. 2016, 472 (2190),
20150890.
Li, Z.; Lambros, J. Strain Rate Effects on the Thermomechanical Behavior of Polymers.
Int. J. Solids Struct. 2001, 38 (20), 3549–3562.
Liang, J.; Huang, Y.; Zhang, L.; Wang, Y.; Ma, Y.; Guo, T.; Chen, Y. Molecular-Level
Dispersion of Graphene into Poly(Vinyl Alcohol) and Effective Reinforcement of
Their Nanocomposites. Adv. Funct. Mater. 2009, 19 (14), 2297–2302.
Liang, J.; Xu, Y.; Huang, Y.; Zhang, L.; Wang, Y.; Ma, Y.; Li, F.; Guo, T.; Chen, Y.
Infrared-Triggered Actuators from Graphene-Based Nanocomposites. J. Phys.
Chem. C 2009, 113 (22), 9921–9927.
Liu, G.; Lu, J.; Lu, K. Surface Nanocrystallization of 316l Stainless Steel Induced by
Ultrasonic Shot Peening. Mat. Sci. Eng. A-Struct. 2000, 286, 91-95.
Liu, P. W.; Strano, M. S. Toward Ambient Armor: Can New Materials Change
Longstanding Concepts of Projectile Protection? Adv. Funct. Mater. 2016, 26 (6),
943–954.

196

Liu, Y.; Kumar, S. Polymer/Carbon Nanotube Nano Composite Fibers–A Review. ACS
Appl. Mater. Interfaces 2014, 6 (9), 6069–6087.
Lou, X.; Detrembleur, C.; Sciannamea, V.; Pagnoulle, C.; Jérôme, R. Grafting of
Alkoxyamine End-Capped (Co)Polymers onto Multi-Walled Carbon Nanotubes.
Polymer 2004, 45 (18), 6097–6102.
Lu, K. Making Strong Nanomaterials Ductile with Gradients. Science 2014, 345, 14551456.
Lu, W.; Chou, T. W.; Kim, B. S. Radial Deformation and its Related Energy Variations
of Single-Walled Carbon Nanotubes. Phys. Rev. B 2011, 83 (13), 134113.
Lu, W.; Zu, M.; Byun, J. H.; Kim, B. S.; Chou, T. W. State of the Art of Carbon
Nanotube Fibers: Opportunities and Challenges. Adv. Mater. 2012, 24 (14),
1805–1833.
Mamedov, A. A.; Kotov, N. A.; Prato, M.; Guldi, D. M.; Wicksted, J. P.; Hirsch, A.
Molecular Design of Strong Single-Wall Carbon Nanotube/Polyelectrolyte
Multilayer Composites. Nat. Mater. 2002, 1 (3), 190–194.
Manes, A.; Lumassi, D.; Giudici, L.; Giglio, M. An Experimental–Numerical
Investigation on Aluminium Tubes Subjected to Ballistic Impact with Soft Core
7.62 Ball Projectiles. Thin Wall. Struct. 2013, 73, 68-80.
Manes, A.; Peroni, L.; Scapin, M.; Giglio, M. Analysis of Strain Rate Behavior of an A1
6061 T6 alloy. Int. Conf. Mech. Behavior Mater. 2011, 10, 3477-3482.
Marcano, D. C.; Kosynkin, D. V.; Berlin, J. M.; Sinitskii, A.; Sun, Z.; Slesarev, A.;
Alemany, L. B.; Lu, W.; Tour, J. M. Improved Synthesis of Graphene Oxide.
ACS Nano 2010, 4 (8), 4806–4814.
Marti, E.; Kaisersberger, E.; Moukhina, E. Heat Capacity Functions of Polystyrene in
Glassy and in Liquid Amorphous State and Glass Transition: DSC and TMDSC
Study. J. Therm. Anal. Calorim. 2006, 85 (2), 505–525.
Martin, D. M.; Lewis, R. W.; Thomas, G. R. The Ballistic and Mechanical Properties of
Polymers. 1968.
Material property database ver. 7.99. (JAHM Software, Inc., 2016).
Mead, J. W.; Mead, K. E.; Auerbach, I.; Ericksen, R. H. Accelerated aging of Nylon 66
and Kevlar 29 in Elevated Temperature, Elevated Humidity, Smog, and Ozone.
Ind. Eng. Chem. Prod. Res. Dev. 1982, 21 (2), 158–163.
Meng, Z.; Han, J.; Qin, X.; Zhang, Y.; Balogun, O.; Keten, S. Spalling-like Failure by
Cylindrical Projectiles Deteriorates the Ballistic Performance of Multi-Layer
Graphene Plates. Carbon 2018, 126, 611–619.

197

Meng, Z.; Singh, A.; Qin, X.; Keten, S. Reduced Ballistic Limit Velocity of Graphene
Membranes Due to Cone Wave Reflection. Extrem. Mech. Lett. 2017, 15, 70–77.
Meyers, M. A. Dynamic behavior of materials. John Wiley, 1994.
Motta, M.; Moisala, A.; Kinloch, I. A.; Windle, A. H. High Performance Fibres from
‘Dog Bone’ Carbon Nanotubes. Adv. Mater. 2007, 19 (21), 3721–3726.
Moulherat, C.; Tengberg, M.; Haquet, J. F.; Mille, B. First Evidence of Cotton at
Neolithic Mehrgarh, Pakistan: Analysis of Mineralized Fibres from A Copper
Bead. J. Archaeol. Sci. 2002, 29 (12), 1393–1401.
Müftü;, S.; Zhalehpour;, S.; Gouldstone;, A.; Ando, T. Proceedings of the 38th Annual
Meeting of the Adhesion Society 20-25 (Savannah, GA).
Nadgornyi, E. Dislocation Dynamics and Mechanical Properties of Crystals. Prog. Mater.
Sci. 1988, 31, 1–530.
National Research Council. Opportunities in Protection Materials Science and
Technology for Future Army Applications; National Academies Press,
Washington DC: Washington, DC, USA, 2011.
Needleman, A. An Analysis of Tensile Decohesion along an Interface. J. Mech. Phys.
Solid 1990, 38, 289-324.
Novoselov, K. S.; Geim, A. K.; Morozov, S. V.; Jiang, D.; Zhang, Y.; Dubonos, S. V.;
Grigorieva, I. V.; Firsov, A. A. Electric Field Effect in Atomically Thin Carbon
Films. Science 2004, 306 (5696), 666–669.
Ozden, S.; Autreto, P. A. S.; Tiwary, C. S.; Khatiwada, S.; Machado, L.; Galvao, D. S.;
Vajtai, R.; Barrera, E. V.; M. Ajayan, P. Unzipping Carbon Nanotubes at High
Impact. Nano Lett. 2014, 14 (7), 4131–4137.
Pang, S. S.; Zhang, Z. D.; Chern, S. S.; Hsiao, C. C. Energy Absorption in Polymer
Crazing. J. Polym. Sci. Polym. Phys. Ed. 2003, 23 (4), 683–693.
Park, C.; Ounaies, Z.; Watson, K. A.; Crooks, R. E.; Smith, J.; Lowther, S. E.; Connell, J.
W.; Siochi, E. J.; Harrison, J. S.; Clair, T. L. S. Dispersion of Single Wall Carbon
Nanotubes by in Situ Polymerization under Sonication. Chem. Phys. Lett. 2002,
364 (3–4), 303–308.
Park, J. H.; Rutledge, G. C. 50th Anniversary Perspective: Advanced Polymer Fibers:
High Performance and Ultrafine. Macromolecules. 2017, pp 5627–5642.
Pei, S.; Cheng, H.-M. The Reduction of Graphene Oxide. Carbon 2012, 50 (9), 3210–
3228.

198

Phoenix, S. L.; Porwal, P. K. A New Membrane Model for the Ballistic Impact Response
and V50 Performance of Multi-ply Fibrous Systems. Int. J. Solids Struct. 2003, 40
(24), 6723–6765.
Pitkethly, M. J. Nanomaterials – the Driving Force. Mater. Today 2004, 7 (12), 20–29.
Pitman, G. L.; Ward, I. M. Effect of Molecular Weight on Craze Shape and Fracture
Toughness in Polycarbonate. Polymer 1979, 20 (7), 895–902.
Plummer, C. J. G.; Soles, C. L.; Xiao, C.; Wu, J.; Kausch, H.- H.; Yee, A. F. Effect of
Limiting Chain Mobility on the Yielding and Crazing Behavior of Bisphenol-A
Polycarbonate Derivatives. Macromolecules 1995, 28, 7157–7164.
Podsiadlo, P.; Kaushik, A. K.; Arruda, E. M.; Waas, A. M.; Shim, B. S.; Xu, J. D.;
Nandivada, H.; Pumplin, B. G.; Lahann, J.; Ramamoorthy, A.; Kotov, N. A.
Ultrastrong and Stiff Layered Polymer Nanocomposites. Science 2007, 318
(5847), 80–83.
Podsiadlo, P.; Liu, Z.; Paterson, D.; Messersmith, P. B.; Kotov, N. A. Fusion of Seashell
Nacre and Marine Bioadhesive Analogs: High-Strength Nanocomposite by Layerby-Layer Assembly of Clay and L-3,4-Dihydroxyphenylalanine Polymer. Adv.
Mater. 2007, 19 (7), 949–955.
Porter, D.; Vollrath, F. Silk as a Biomimetic Ideal for Structural Polymers. Adv. Mater.
2009, 21 (4), 487–492.
Profizi, P.; Combescure, A.; Ogawa, K. Numerical Analysis of Single Particle Impact in
the Context of Cold Spray: A New Adhesion Model. Int. Conf. Adv. Renewable
Energy Tech. 2016, 32, 012062.
Qu, M.; Deng, F.; Kalkhoran, S. M.; Gouldstone, A.; Robisson, A.; Van Vliet, K. J.
Nanoscale Visualization and Multiscale Mechanical Implications of Bound
Rubber Interphases in Rubber–Carbon Black Nanocomposites. Soft Matter 2011,
7 (3), 1066–1077.
Radford, D. D.; Walley, S. M.; Church, P.; Field, J. E. Dynamic Upsetting and Failure of
Metal Cylinders: Experiments and Analysis. J. Phys. IV Fr. 2003, 110 (263–268).
Rahmati, S.; Ghaei, A. The Use of Particle/Substrate Material Models in Simulation of
Cold-Gas Dynamic-Spray Process. J. Therm. Spray Techn. 2014, 23, 530-540.
Ramanathan, T.; Abdala, A. A.; Stankovich, S.; Dikin, D. A.; Herrera-Alonso, M.; Piner,
R. D.; Adamson, D. H.; Schniepp, H. C.; Chen, X.; Ruoff, R. S.; et al.
Functionalized Graphene Sheets for Polymer Nanocomposites. Nat. Nanotechnol.
2008, 3 (6), 327–331.
Ramanathan, T.; Stankovich, S.; Dikin, D. A.; Liu, H.; Shen, H.; Nguyen, S. T.; Brinson,
L. C. Graphitic Nanofillers in PMMA Nanocomposites—An Investigation of

199

Particle Size and Dispersion and Their Influence on Nanocomposite Properties. J.
Polym. Sci. Part B Polym. Phys. 2007, 45 (15), 2097–2112.
Ramesh, K. T. Nanomaterials; Springer US: Boston, MA, 2009.
Recht, R. F.; Ipson, T. W. Ballistic Perforation Dynamics. J. Appl. Mech. 1963, 30 (3),
384–390.
Richardson, J. J.; Björnmalm, M.; Caruso, F. Technology-Driven Layer-by-Layer
Assembly of Nanofilms. Science 2015, 348 (6233).
Rockwood, D. N.; Preda, R. C.; Yücel, T.; Wang, X.; Lovett, M. L.; Kaplan, D. L.
Materials Fabrication from Bombyx Mori Silk Fibroin. Nat. Protoc. 2011, 6 (10),
1612–1631.
Rottler, J. Fracture in Glassy Polymers: A Molecular Modeling Perspective. J. Phys.
Condens. Matter 2009, 21, 463101.
Ruoff, R. S.; Lorents, D. C. Mechanical and Thermal Properties of Carbon Nanotubes.
Carbon 1995, 33 (7), 925–930.
Sadeghzadeh, S. Benchmarking the Penetration-Resistance Efficiency of Multilayer
Graphene Sheets due to Spacing the Graphene Layers. Appl. Phys. A 2016, 122
(7), 655.
Said, M. A.; Dingwall, B.; Gupta, A.; Seyam, A. M.; Mock, G.; Theyson, T. Investigation
of Ultra Violet (UV) Resistance for High Strength Fibers. Adv. Space Res. 2006,
37 (11), 2052–2058.
Sarva, S.; Boyce, M. Mechanics of Polycarbonate during High-Rate Tension. J. Mech.
Mater. Struct. 2007, 2, 1853–1880.
Sarva, S.; Mulliken, A. D.; Boyce, M. C. Mechanics of Taylor Impact Testing of
Polycarbonate. Int. J. Solids Struct. 2007, 44 (7–8), 2381–2400.
Schmidt, T.; Assadi, H.; Gartner, F.; Richter, H.; Stoltenhoff, T.; Kreye, H.; Klassen, T.
From Particle Acceleration to Impact and Bonding in Cold Spraying. J. Therm.
Spray Techn. 2009, 18, 794-808.
Schmidt, T.; Gartner, F.; Assadi, H.; Kreye, H. Development of a Generalized Parameter
Window for Cold Spray Deposition. Acta Mater. 2006, 54, 729-742.
Schuh, C. A. Nanoindentation Studies of Materials. Mater. Today 2006, 9 (5), 32–40.
Schuster, B. E.; Wei, Q.; Ervin, M. H.; Hruszkewycz, S. O.; Miller, M. K.; Hufnagel, T.
C.; Ramesh, K. T. Bulk and Microscale Compressive Properties of a Pd-Based
Metallic Glass. Scr. Mater. 2007, 57 (6), 517–520.

200

Schuster, B. E.; Wei, Q.; Zhang, H.; Ramesh, K. T. Microcompression of Nanocrystalline
Nickel. Appl. Phys. Lett. 2006, 88 (10), 103112.
Schwartz, A. J.; Kumar, M.; Adams, B. L.; Field, D. P. Electron backscatter diffraction in
materials science. Vol. 2. Springer, 2009.
Sharp, J. S.; Forrest, J. A. Free Surfaces Cause Reductions in the Glass Transition
Temperature of Thin Polystyrene Films. Phys. Rev. Lett. 2003, 91 (23), 1–4.
Sharpe, W. N.; Yuan, B.; Edwards, R. L. A New Technique for Measuring the
Mechanical Properties of Thin Films. J. Microelectromechanical Syst. 1997, 6 (3),
193–199.
Shulha, H.; Po Foo, C. W.; Kaplan, D. L.; Tsukruk, V. V. Unfolding the Multi-Length
Scale Domain Structure of Silk Fibroin Protein. Polymer 2006, 47 (16), 5821–
5830.
Signetti, S.; Taioli, S.; Pugno, N. M. 2D Material Armors Showing Superior Impact
Strength of Few Layers. ACS Appl. Mater. Interfaces 2017, 9 (46), 40820–40830.
Singamaneni, S.; Tsukruk, V. V. Buckling Instabilities in Periodic Composite Polymeric
Materials. Soft Matter 2010, 6 (22), 5681.
Sinha Ray, S.; Okamoto, M. Polymer/Layered Silicate Nanocomposites: A Review from
Preparation to Processing. Prog. Polym. Sci. 2003, 28 (11), 1539–1641.
Siviour, C. R.; Jordan, J. L. High Strain Rate Mechanics of Polymers: A Review. J. Dyn.
Behav. Mater. 2016, 2 (1), 15–32.
Smith, J. C.; Blandford, J. M.; Schiefer, H. F. Stress-Strain Relationships in Yarns
Subjected to Rapid Impact Loading: Part VI: Velocities of Strain Waves
Resulting from Impact. Text. Res. J. 1960, 30 (10), 752–760.
Smith, P.; Lemstra, P. J. Ultra-High-Strength Polyethylene Filaments by Solution
Spinning/Drawing. J. Mater. Sci. 1980, 15 (2), 505–514.
Sockalingam, S.; Bremble, R.; Gillespie, J. W.; Keefe, M. Transverse Compression
Behavior of Kevlar KM2 Single Fiber. Compos. Part A Appl. Sci. Manuf. 2016,
81, 271–281.
Sockalingam, S.; Gillespie, J. W.; Keefe, M. Dynamic Modeling of Kevlar KM2 Single
Fiber Subjected to Transverse Impact. Int. J. Solids Struct. 2015, 67–68, 297–310.
Srikar, V. T.; Spearing, S. M. A Critical Review of Microscale Mechanical Testing
Methods Used in the Design of Microelectromechanical Systems. Exp. Mech.
2003, 43 (3), 238–247.

201

Stafford, C. M.; Harrison, C.; Beers, K. L.; Karim, A.; Amis, E. J.; VanLandingham, M.
R.; Kim, H.-C.; Volksen, W.; Miller, R. D.; Simonyi, E. E. A Buckling-Based
Metrology for Measuring the Elastic Moduli of Polymeric Thin Films. Nat. Mater.
2004, 3 (8), 545–550.
Steger, T. R.; Schaefer, J.; Stejskal, E. O.; McKay, R. A. Molecular Motion in
Polycarbonate and Modified Polycarbonates. Macromolecules 1980, 13, 1127–
1132.
Suk, J. W.; Piner, R. D.; An, J.; Ruoff, R. S. Mechanical Properties of Monolayer
Graphene Oxide. ACS Nano 2010, 4 (11), 6557–6564.
Tadepalli, S.; Hamper, H.; Park, S. H.; Cao, S.; Naik, R. R.; Singamaneni, S. Adsorption
Behavior of Silk Fibroin on Amphiphilic Graphene Oxide. ACS Biomater. Sci.
Eng. 2016, 2 (7), 1084-1092.
Tang, Z.; Kotov, N. a; Magonov, S.; Ozturk, B. Nanostructured Artificial Nacre. Nat.
Mater. 2003, 2 (6), 413–418.
Taylor, L. M.; Becker, E. B. Some Computational Aspects of Large Deformation, RateDependent Plasticity Problems. Comput. Methods Appl. Mech. Eng. 1983, 41 (3),
251–277.
Terrones, M.; Martín, O.; González, M.; Pozuelo, J.; Serrano, B.; Cabanelas, J. C.; VegaDíaz, S. M.; Baselga, J. Interphases in Graphene Polymer-Based Nanocomposites:
Achievements and Challenges. Adv. Mater. 2011, 23 (44), 5302–5310.
Thevamaran, R.; Lawal, O.; Yazdi, S.; Jeon, S. J.; Lee, J. H.; Thomas, E. L. Dynamic
Creation and Evolution of Gradient Nanostructure in Single-Crystal Metallic
Microcubes. Science 2016, 354 (6310), 312–316.
Tsentalovich, D. E.; Headrick, R. J.; Mirri, F.; Hao, J.; Behabtu, N.; Young, C. C.;
Pasquali, M. Influence of Carbon Nanotube Characteristics on Macroscopic Fiber
Properties. ACS Appl. Mater. Interfaces 2017, 9 (41), 36189–36198.
Tsentalovich, D. E.; Ma, A. W. K.; Lee, J. A.; Behabtu, N.; Bengio, E. A.; Choi, A.; Hao,
J.; Luo, Y.; Headrick, R. J.; Green, M. J.; Talmon, Y.; Pasquali, M. Relationship
of Extensional Viscosity and Liquid Crystalline Transition to Length Distribution
in Carbon Nanotube Solutions. Macromolecules 2016, 49 (2), 681–689.
Uchic, M. D.; Dimiduk, D. M.; Florando, J. N.; Nix, W. D. Sample Dimensions Influence
Strength and Crystal Plasticity. Science 2004, 305 (5686), 986–989.
Uchic, M. D.; Shade, P. A.; Dimiduk, D. M. Micro-Compression Testing of Fcc Metals:
A Selected Overview of Experiments and Simulations. JOM 2009, 61 (3), 36–41.

202

Uesugi, T.; Higashi, K. First-Principles Calculation of Grain Boundary Energy and Grain
Boundary Excess Free Volume in Aluminum: Role of Grain Boundary Elastic
Energy. J. Mater. Sci. 2011, 46, 4199-4205.
Velasco-Santos, C.; Martínez-Hernández, A. L.; Fisher, F. T.; Ruoff, R.; Castaño, V. M.
Improvement of Thermal and Mechanical Properties of Carbon Nanotube
Composites through Chemical Functionalization. Chem. Mater. 2003, 15 (23),
4470–4475.
Veysset, D.; Hsieh, A. J.; Kooi, S. E.; Nelson, K. A. Molecular Influence in High-StrainRate Microparticle Impact Response of Poly(Urethane Urea) Elastomers. Polymer
2017, 123, 30–38.
Veysset, D.; Hsieh, A. J.; Kooi, S.; Maznev, A. A.; Masser, K. A.; Nelson, K. A.
Dynamics of Supersonic Microparticle Impact on Elastomers Revealed by RealTime Multi-Frame Imaging. Sci. Rep. 2016, 6 (1), 25577.
Veysset, D.; Kooi, S. E.; Мaznev, A. A.; Tang, S.; Mijailovic, A. S.; Yang, Y. J.; Geiser,
K.; Van Vliet, K. J.; Olsen, B. D.; Nelson, K. A. High-Velocity Micro-Particle
Impact on Gelatin and Synthetic Hydrogel. J. Mech. Behav. Biomed. Mater. 2018,
86 (June), 71–76.
Vigolo, B.; Penicaud, A.; Coulon, C.; Sauder, C.; Pailler, R.; Journet, C.; Bernier, P.;
Poulin, P. Macroscopic Fibers and Ribbons of Oriented Carbon Nanotubes.
Science 2000, 290 (5495), 1331–1334.
Viswanathan, G.; Chakrapani, N.; Yang, H.; Wei, B.; Chung, H.; Cho, K.; Ryu, C. Y.;
Ajayan, P. M. Single-Step in Situ Synthesis of Polymer-Grafted Single-Wall
Nanotube Composites. J. Am. Chem. Soc. 2003, 125 (31), 9258–9259.
Vozar, S.; Poh, Y.-C.; Serbowicz, T.; Bachner, M.; Podsiadlo, P.; Qin, M.; Verploegen,
E.; Kotov, N.; Hart, A. J. Automated Spin-Assisted Layer-by-Layer Assembly of
Nanocomposites. Rev. Sci. Instrum. 2009, 80 (2), 23903.
Vukelic, S.; Wang, Y.; Kysar, J. W.; Yao, Y. L. Comparative Study of Symmetric and
Asymmetric Deformation of Al Single Crystal under Microscale Laser Shock
Peening. J. Mech. Mater. Struct. 2009, 4, 89-105.
Walker, J. D.; Chocron, S. Why Impacted Yarns Break at Lower Speed than Classical
Theory Predicts. J. Appl. Mech. 2011, 78 (5), 051021.
Walley, S. M. Historical Review of High Strain Rate and Shock Properties of Ceramics
Relevant to Their Application in Armour. Adv. Appl. Ceram. 2010, 109 (8), 446–
466.
Wan, C.; Chen, B. Reinforcement and Interphase of Polymer/Graphene Oxide
Nanocomposites. J. Mater. Chem. 2012, 22 (8), 3637.

203

Wang, C. Y.; Mylvaganam, K.; Zhang, L. C. Wrinkling of Monolayer Graphene: A Study
by Molecular Dynamics and Continuum Plate Theory. Phys. Rev. B - Condens.
Matter Mater. Phys. 2009, 80 (15), 1–5.
Wang, P.; Zhang, X.; Hansen, R. V.; Sun, G.; Zhang, H.; Zheng, L.; Yu, T. X.; Lu, G.;
Yang, J. Strengthening and Failure Mechanisms of Individual Carbon Nanotube
Fibers under Dynamic Tensile Loading. Carbon 2016, 102, 18–31.
Wang, Y. M.; Ma, E. Strain Hardening, Strain Rate Sensitivity, and Ductility of
Nanostructured Metals. Mater. Sci. Eng. A 2004, 375–377, 46–52.
Wang, Y.; Ma, R.; Hu, K.; Kim, S.; Fang, G.; Shao, Z.; Tsukruk, V. V. Dramatic
Enhancement of Graphene Oxide/Silk Nanocomposite Membranes: Increasing
Toughness, Strength, and Young’s Modulus via Annealing of Interfacial
Structures. ACS Appl. Mater. Interfaces 2016, 8 (37), 24962–24973.
Wang, Y.; Weissmüller, J.; Duan, H. L. Mechanics of Corrugated Surfaces. J. Mech.
Phys. Solids 2010, 58 (10), 1552–1566.
Watson, S.; Gifford, M.; Field, J. E. The Initiation of Fine Grain Pentaerythritol
Tetranitrate by Laser-Driven Flyer Plates. J. Appl. Phys. 2000, 88 (1), 65–69.
Whitten, P. G.; Brown, H. R. Polymer Entanglement Density and its Influence on
Interfacial Friction. Phys. Rev. E 2007, 76, 026101.
Winey, J. M.; LaLone, B. M.; Trivedi, P. B.; Gupta, Y. M. Elastic Wave Amplitudes in
Shock-Compressed Thin Polycrystalline Aluminum Samples. J. Appl. Phys. 2009,
106, 073508.
Wu, Q.; Xu, Y.; Yao, Z.; Liu, A.; Shi, G. Supercapacitors Based on Flexible
Graphene/Polyaniline Nanofiber Composite Films. ACS Nano 2010, 4 (4), 1963–
1970.
Wu, X. L.; Yang, M.; Yuan, F.; Wu, G.; Wei, Y.; Huang, X.; Zhu, Y. Heterogeneous
Lamella Structure Unites Ultrafine-Grain Strength with Coarse-Grain Ductility.
Proc. Natl. Acad. Sci. 2015, 112, 14501-14505.
Xia, H.; Wang, Q.; Qiu, G. Polymer-Encapsulated Carbon Nanotubes Prepared through
Ultrasonically Initiated in Situ Emulsion Polymerization. Chem. Mater. 2003, 15
(20), 3879–3886.
Xia, W.; Ruiz, L.; Pugno, N. M.; Keten, S. Critical Length Scales and Strain Localization
Govern the Mechanical Performance of Multi-Layer Graphene Assemblies.
Nanoscale 2016, 8 (12), 6456–6462.
Xia, W.; Ruiz, L.; Pugno, N. M.; Keten, S. Critical Length Scales and Strain Localization
Govern the Mechanical Performance of Multi-Layer Graphene Assemblies. R.
Soc. Chem. 2016, 8 (12), 6456–6462.
204

Xia, W.; Song, J.; Meng, Z.; Shao, C.; Keten, S. Designing Multi-Layer Graphene-Based
Assemblies for Enhanced Toughness in Nacre-Inspired Nanocomposites. Mol.
Syst. Des. Eng. 2016, 1 (1), 40–47.
Xie, W.; Alizadeh-Dehkharghani, A.; Chen, Q.; Champagne, V. K.; Wang, X.; Nardi, A.
T.; Kooi, S.; Müftü, S.; Lee, J.-H. Dynamics and Extreme Plasticity of Metallic
Microparticles in Supersonic Collisions. Sci. Rep. 2017, 7 (1), 5073.
Xie, W.; Tadepalli, S.; Park, S. H.; Kazemi-Moridani, A.; Jiang, Q.; Singamaneni, S.;
Lee, J. H. Extreme Mechanical Behavior of Nacre-Mimetic Graphene-Oxide and
Silk Nanocomposites. Nano Lett. 2018, 18 (2), 987–993.
Xie, W.; Zhang, R.; Headrick, R. J.; Taylor, L.; Kooi, S. E.; Pasquali, M.; Muftu, S.; Lee,
J.-H. Dynamic Strengthening of Carbon Nanotube Fibers under Extreme
Mechanical Impulse. Nano Lett. 2019, 19 (6), 3519-3526.
Xu, M.; Liang, T.; Shi, M.; Chen, H. Graphene-Like Two-Dimensional Materials. Chem.
Rev. 2013, 113 (5), 3766–3798.
Xu, Y.; Hong, W.; Bai, H.; Li, C.; Shi, G. Strong and Ductile Poly(Vinyl
Alcohol)/Graphene Oxide Composite Films with a Layered Structure. Carbon
2009, 47 (15), 3538–3543.
Xu, Z. H.; Li, X. Deformation Strengthening of Biopolymer in Nacre. Adv. Funct. Mater.
2011, 21 (20), 3883–3888.
Xue, S.; Fan, Z.; Lawal, O. B.; Thevamaran, R.; Li, Q.; Liu, Y.; Yu, K. Y.; Wang, J.;
Thomas, E. L.; Wang, H.; et al. High-Velocity Projectile Impact Induced 9R
Phase in Ultrafine-Grained Aluminium. Nat. Commun. 2017, 8 (1), 1–9.
Yang, G.; Xie, W.; Huang, M.; Champagne, V. K.; Lee, J.-H.; Klier, J.; Schiffman, J. D.
Polymer Particles with a Low Glass Transition Temperature Containing
Thermoset Resin Enale Powder Coatings at Room Temperature. Ind. Eng. Chem.
Res. 2019, 58 (2), 908-916.
Yi, T.; Li, L.; Kim, C.-J. Microscale Material Testing of Single Crystalline Silicon:
Process Effects on Surface Morphology and Tensile Strength. Sensors Actuators
A Phys. 2000, 83 (1–3), 172–178.
Yin, Y.; Hu, K.; Grant, A. M.; Zhang, Y.; Tsukruk, V. V. Biopolymeric Nanocomposites
with Enhanced Interphases. Langmuir 2015, 31 (39), 10859–10870.
Yoon, K.; Ostadhossein, A.; Van Duin, A. C. T. Atomistic-Scale Simulations of the
Chemomechanical Behavior of Graphene under Nanoprojectile Impact. Carbon
2016, 99, 58–64.

205

Yu, M.-F.; Lourie, O.; Dyer, M. J.; Moloni, K.; Kelly, T. F.; Ruoff, R. S. Strength and
Breaking Mechanism of Multiwalled Carbon Nanotubes under Tensile Load.
Science 2000, 287 (5453), 637–640.
Yuan, X. J.; Zha, B.; Hou, G.; Hou, P.; Jiang, Li. Wang, H. Multiscale Model on
Deposition Behavior of Agglomerate Metal Particles in a Low-Temperature HighVelocity Air Fuel Spraying Process. J. Therm. Spray Techn. 2009, 18, 411-420.
Yue, C. Y.; Sui, G. X.; Looi, H. C. Effects of Heat Treatment on the Mechanical
Properties of Kevlar-29 Fibre. Compos. Sci. Technol. 2000, 60 (3), 421–427.
Zhang, H.-B.; Zheng, W.-G.; Yan, Q.; Yang, Y.; Wang, J.-W.; Lu, Z.-H.; Ji, G.-Y.; Yu,
Z.-Z. Electrically Conductive Polyethylene Terephthalate/Graphene
Nanocomposites Prepared by Melt Compounding. Polymer 2010, 51 (5), 1191–
1196.
Zhang, X.; Li, Q. Enhancement of Friction between Carbon Nanotubes: An Efficient
Strategy to Strengthen Fibers. ACS Nano 2010, 4 (1), 312–316.
Zhang, Y.; Zheng, L.; Sun, G.; Zhan, Z.; Liao, K. Failure Mechanisms of Carbon
Nanotube Fibers under Different Strain Rates. Carbon 2012, 50 (8), 2887–2893.
Zhu, J.; Kim, J. D.; Peng, H.; Margrave, J. L.; Khabashesku, V. N.; Barrera, E. V.
Improving the Dispersion and Integration of Single-Walled Carbon Nanotubes in
Epoxy Composites through Functionalization. Nano Lett. 2003, 3 (8), 1107–1113.

206

